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Anttila, Severi, Influence of minor elements on some weldability issues of
intermediate purity stabilized ferritic stainless steels. 
University of Oulu Graduate School; University of Oulu, Faculty of Technology
Acta Univ. Oul. C 669, 2018
University of Oulu, P.O. Box 8000, FI-90014 University of Oulu, Finland

Abstract

Stabilized ferritic stainless steel grades are attractive alternatives to common austenitic grades in
sheet metal applications. Compared with older unstabilized ferritic grades, the mechanical and
corrosion properties are usually improved. The impurity level, mainly the amount of interstitial
carbon and nitrogen, plays an important role in these steels. There are notable issues in the welding
of these steels, the most apparent difference to austenitic steels is the susceptibility to brittle
failure. This research focused on the influence of minor elements, especially aluminium, calcium,
silicon, titanium, niobium, nitrogen and oxygen, on the weldability of modern intermediate purity
level stabilized ferritic stainless steels. The research proceeded in several stages. At first, the
general characteristics and performance data about the welds in currently manufactured 11 to 21
mass percent chromium ferritic stainless steels in Europe was obtained. The research then focused
on novel high chromium stabilized ferritic stainless steels. Lastly, the influence of various
steelmaking practices on weldability were investigated.

The results showed that in stabilized ferritic stainless steels, slag islands are frequently seen in
the molten weld pools. These islands can have many origins, e.g. deoxidation, calcium treatment
and stabilization practices, and they can be roughly assessed from the chemical composition of the
steel. The nature and the influence of these slags varies and can be related to irregularities in the
weldability and molten metal fluid flow.

Large grain size and titanium carbonitride particles impair the toughness of the heat-affected
zone. Generally, stabilization with niobium is preferred. However, solely niobium stabilized steel
welds run the risk of forming coarse columnar grains in welds deteriorating some of the properties.
A breakdown of the columnar grains is possible to achieve in autogenous welds with minor
titanium and aluminium alloying, provided that small amounts of nitrogen and oxygen are induced
from the shielding gas. However, grain refinement may not improve the properties, if it is
accomplished with an increase in the total interstitial content.

Keywords: alloying, corrosion resistance, ductility, ferritic stainless steel, grain
refinement, slag islands, toughness, welding





Anttila, Severi, Ferriittisten ruostumattomien terästen hitsattavuuden
ongelmakohtia keskipuhtailla stabiloiduilla teräslajeilla. 
Oulun yliopiston tutkijakoulu; Oulun yliopisto, Teknillinen tiedekunta
Acta Univ. Oul. C 669, 2018
Oulun yliopisto, PL 8000, 90014 Oulun yliopisto

Tiivistelmä

Stabiloidut ferriittiset ruostumattomat teräkset soveltuvat korvaamaan tavanomaisia austeniittisia
ruostumattomia teräksiä ohutlevysovelluksissa. Näillä teräksillä keskeiset mekaaniset ja korroo-
sio-ominaisuudet ovat usein paremmat kuin varhaisilla, stabiloimattomilla ferriittisillä teräksil-
lä. Hiili ja typpi ovat näissä teräksissä kuitenkin epäpuhtauksia. Toisin kuin austeniittiset teräk-
set, ferriittiset teräkset ovat alttiita haurasmurtumalle, erityisesti hitsatuissa rakenteissa. Tässä
väitöstutkimuksessa keskityttiin mikroseosaineiden ja epäpuhtauksien vaikutukseen keskipuhtai-
den stabiloitujen ferriittisten teräslajien hitsauksessa. Tutkimus kohdistui erityisesti alumiinin,
kalsiumin, piin, titaanin, niobin, typen ja hapen vaikutuksiin. Aluksi tutkittiin kaupallisten teräs-
ten hitsien keskeisiä ominaisuuksia. Tämän jälkeen tutkittiin uusia ns. korkeakromisia stabiloitu-
ja ferriittisiä teräslajeja. Lopuksi tutkittiin teräksen valmistuksen vaikutuksia stabiloitujen ferriit-
tisten ruostumattomien terästen hitsattavuuteen.

Tutkituilla teräksillä hitsauksen aikana muodostui runsaasti kuonalauttoja. Näillä kuonilla on
monta alkuperää, esim. deoksidointi, kalsiumkäsittely ja stabilointiaineet. Hitsien kuonaisuutta
voidaan karkeasti arvioida teräksen kemiallisen koostumuksen perusteella. Muodostuvilla kuo-
nilla on useita vaikutuksia hitsauksessa, mm. epäjatkuvuuksiin ja sulan virtauksiin.

Hitsauksessa muodostuva suuri raekoko ja stabiloinnin titaanikarbonitridipartikkelit heiken-
tävät oleellisesti hitsin muutosvyöhykkeen sitkeyttä. Stabilointi käyttäen pääasiassa niobia on
toivottavaa, mutta jos stabilointiin käytetään vain niobia, tulee hitsin mikrorakenteesta karkea ja
hitsin ominaisuudet voivat heikentyä. Karkean mikrorakenteen hienontaminen on mahdollista
käyttäen suojakaasuna argonia, jossa on hieman typpeä ja happea, mikäli teräkseen on seostettu
hieman alumiinia ja titaania. Raerakenteen hienontaminen ei kuitenkaan yksiselitteisesti paran-
na hitsin ominaisuuksia, mikäli hienontaminen saavutetaan kasvattamalla epäpuhtauspitoisuutta
tarpeettoman korkeaksi.

Asiasanat: ferriittinen ruostumaton teräs, hitsaus, korroosio, kuonalautat, raekoon
hienontaminen, seosaineet, sitkeys
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Symbols and abbreviations 

Δt8/5 Cooling time from 800 to 500 °C [s] 

R2 Coefficient of determination 

R2(adj.) Coefficient of determination adjusted for the number of predictors 

AOD Argon oxygen decarburization 

ASTM Steel grade in ASTM specifications 

CCD Charge-coupled device 

CV Absorbed energy [J/cm2] 

CV-US Upper shelf energy [J/cm2] 

DBTT Ductile-brittle transition temperature, 35 J/cm2 [°C] 

DCEN Direct current electrode negative 

D/W Weld depth-to-width ratio 

EBM Electron beam melting 

EBSD Electron backscatter diffraction 

ECD Equivalent circle diameter 

EDS Energy-dispersive X-ray spectrometer 

EN Steel grade in the Euronorm 

ER Preface to a filler metal electrode classification 

FF Kaltenhauser ferrite factor 

GMA Gas metal arc 

GS Average grain size, mean linear intercept [µm] 

GTA Gas tungsten arc 

HAZ Weld heat-affected zone 

HTE High-temperature embrittlement 

HTHAZ High-temperature weld heat-affected zone 

HV Vicker’s hardness 

LOM Light optical microscope 

LCF Laser confocal microscope 

m Fitting constant 

PRE Pitting resistance equivalent number 

PWHT Post weld heat treatment 

SA Fraction of ductile fracture in a fractured Charpy-V specimen [%] 

SE Standard error 

SEM Scanning electron microscope 

SMA Shielded metal arc 

STEM Scanning transmission electron microscope 
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UNS Steel grade in Unified Numbering System 

USE Upper shelf energy [J/cm2] 

VIM Vacuum induction melting 

VIF Variance inflation factor 

VOD Vacuum oxygen decarburization 

Wb/Wf  Weld root bead width to weld face width ratio 

YAG Yttrium aluminium garnet  
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1 Introduction 

1.1 Background 

The stainless steel industry in Europe is rediscovering itself, as seen from 

reorganization and merging of large companies. Limited growth possibilities in 

Europe and increasing raw-material costs are damaging the profitability of the 

industry. Now, steel producers and customers are finding out that cost-stability is 

an increasingly preferred property in stainless steel. Ordinary austenitic stainless 

steels are subject to price-changes due to the fluctuations of Ni and Mo in metal 

markets. Therefore, Ni-free steel grades such as those of ferritic stainless steels 

offer viable alternatives for many applications requiring sufficient or comparable 

corrosion resistance [1–3]. 

Ferritic stainless steel grades were prevalent in the 1950s during the Ni-

shortage era of the Korean War [1, 4]. Since then, a resurrection of interest in ferritic 

grades has frequently occurred when the supply of Ni has been restricted or its 

market price skyrocketed. According to the International Stainless Steel Forum, the 

market share of ferritic and martensitic grades (i.e., the 400 series) in the year 2016 

was around 23% worldwide [5]. Approximately half of the ferritic stainless steels 

are still traditional unstabilized grades, but there has been a tendency for stabilized 

grades to become more popular. 

The majority of developments and research into ferritic stainless steel grades 

and their weldability was done in the 1970s, when new melting practises made it 

possible to commercially produce steels with intermediate and low interstitial 

contents. Within the next decades, the focus was on low Cr utility grades that were 

introduced in the late 1980s [1]. In the 2000s, the development and commercial 

attention has been on intermediate and low interstitial high Cr range (20–24%Cr) 

[6–11]. This Cr range has been somewhat vacant even though ultra-pure 

superferritic grades (>26%Cr) have existed since the development of refining 

techniques in the 1970s. 

Constitution of ferritic stainless steel grades is different from those of austenitic 

grades. Ferritic grades cannot bear interstitial C and N similar to those of austenitic 

grades without having corrosion issues, particularly after welding [12–14]. This is 

due to Cr carbide and nitride precipitation that occurs very rapidly in ferrite due to 

low solubility of interstitials at high temperatures. Therefore, many modern ferritic 

grades are alloyed with so-called stabilizing elements such as Ti and Nb. This 
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stabilization improves the corrosion resistance by preventing Cr-based 

precipitation that could lead to intergranular corrosion. Interstitial contents similar 

to those of austenitic grades are also detrimental to the toughness of ferritic stainless 

steels and to prevent brittle failure in service, these materials are usually supplied 

in sheet form [15–17]. 

The manufacturing process of ferritic grades is different from those of typical 

austenitic grades. The deoxidation process, which is compulsory for stainless steel 

manufacturing, is typically accomplished with Al, FeSi and Mn. When using 

stabilizing elements, the precipitation or secondary particles often begins in molten 

metal. For example, very stable Ti nitrides can already be present in the molten 

state in continuous casting. These nitrides tend to accumulate with the oxide 

particles from deoxidation and cause severe nozzle clogging problems in casting, 

restricting the production process. A well-known solution to prevent this 

phenomenon is to lower the melting point of deoxidation products such as Al oxides 

via alloying trace amounts of Ca to the steel, i.e., calcium treatment. Consequently, 

the high-melting-point Al oxides are substituted with low-melting-point calcium 

aluminates. These low-melting-point substrates can prevent the nitride 

accumulation in casting and alleviate nozzle clogging. Therefore, the productivity 

of stabilized ferritic grades is significantly improved. 

1.2 Aims of the research 

Even though weldability, i.e., ability to produce sound welds with satisfactory 

mechanical and corrosion properties, of ferritic stainless steels has been researched 

somewhat plentifully over the last 40 years, some areas have not received much 

attention.  The welding research into new stabilized high-Cr (20–24%Cr) alloys has 

not been sufficient due to their relatively recent developments. There is also an 

apparent lack of research about the weldability issues in calcium-treated 

intermediate purity stabilized ferritic stainless steels. Moreover, information 

published about welded joints fabricated with ferritic filler metals has been lacking. 

Therefore, this thesis aims to address some of the needed research into the 

following topics: 

– To study how significant of an effect minor elements typically seen on modern 

intermediate purity stabilized ferritic steels have on weld properties 

– To clarify how trace amounts of Ca influence weldability 
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– To study the influence of the weld metal microstructure on mechanical and 

corrosion properties 

– To study how heat input influences the precipitate and inclusion size, type, 

distribution and grain size, and how these affect toughness 

– To clarify how the method of stabilization influences microstructure and 

properties at intermediate interstitial levels 

Information gathered from these topics will result in up-to-date knowledge 

regarding the weldability of modern intermediate purity stabilized ferritic stainless 

steels. This research aims to summarize how the weldability of these materials is 

influenced by minor elements originating from the stabilization, deoxidation, 

desulphurization and calcium treatment, and how potential welding issues can be 

mitigated. Lastly, although having marginal scientific novelty, the benchmarking 

data provides practical knowledge about the position of welded stabilized 

intermediate purity ferritic stainless steels in the field of other ferritic stainless steel 

grades. 
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2 Theoretical foundation 

2.1 Engineering properties, alloying and limitations 

Ferritic stainless steels are Fe-Cr-based alloys that are rarely alloyed with high 

amounts of austenite-forming substitutional elements such as Ni, Mn, Cu or Co. 

Owing to high Cr concentration and low austenite potential, the cubic crystal 

structure in these steels remains predominantly body-centred cubic to the solidus 

temperature, although martensite in various amounts may exist in the 

microstructure of some grades. 

The main advantage of ferritic grades is their cost stability in comparison with 

Ni-bearing austenitic grades, but there are also other properties that separate the 

two steel groups. Ferritic grades have a superior resistance to chloride-induced 

stress corrosion cracking, are resistant to corrosion by reducing acids and have 

improved deep-drawability and machinability, higher yield strength and a lower 

thermal expansion coefficient in comparison with austenitic grades [1, 3, 18, 19]. 

The major disadvantages are notch-sensitivity and subsequent limited toughness in 

the base metals and welds, grade-dependent weldability, low work hardening and 

various second phase embrittlement phenomena that may occur when heat treated 

[4, 13, 20–26]. 

Ferritic grades cover a wide range of corrosion and heat-resisting alloys, from 

low-cost 10–14 wt.% Cr grades to superferritic grades that contain 25–30 wt.% Cr 

and also some Mo and Ni [3, 27]. As corrosion resistance is mainly determined by 

the amount of Cr, the differences in corrosion performance within different grades 

can be vast. The low-Cr grades do not retain their stainless appearance for very 

long, as pitting corrosion and staining can occur even in ordinary dry atmospheric 

conditions. The medium-Cr grades have greater tolerance against staining, but 

applications are typically limited to dry indoor use. The high-Cr grades have much 

greater tolerance against corrosion phenomena, and the pièce de résistance, the 

superferritics, can be used in very demanding applications, requiring exposure to 

high-chloride seawater. Some applications for ferritic grades are coal wagons, 

shipping containers, bus frames and panels, automotive exhaust systems, household 

utensils, indoor decorative panels, kitchen sinks, water piping, automotive trim, 

outdoor panels, boilers and heat transfer in nuclear condenser and seawater 

exchanger tubing [3]. 
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An important metallurgical feature in understanding ferritic grades is the 

interstitial content, mainly the sum of C and N, that are considered impurities in 

these steels [22]. Extensive precipitation of carbides, nitrides and carbonitrides, or 

even transformation to austenite and subsequently to martensite is not uncommon 

[28, 29]. Of these, the most detrimental in heat treatments are the readily forming 

Cr-based precipitates that can deplete the Cr concentration near the particles and 

cause sensitization, typically at grain boundaries. These sensitized regions 

experience rapid corrosion rates as the protective Cr oxide film may have become 

damaged [22, 30]. To prevent this, the stabilized ferritic grades are alloyed with 

stable carbide and nitride-forming elements such as Ti, Nb, Ta, Zr and V. This is 

especially important for steels intended for welding, because otherwise, costly post 

weld heat treatments (PWHTs) may be required to restore the corrosion protection 

in the welded area [13]. 

2.1.1 Developments in ferritic stainless steel grades 

Over the course of about the last 100 years, many basic ferritic stainless steel grades 

have evolved from their historical beginnings. New refining techniques that 

became common in the 1970s were quickly adopted and made it possible to 

manufacture ferritic grades with low interstitial contents on a commercial scale [1, 

19, 31]. Argon oxygen decarburization (AOD) produced an intermediate interstitial 

purity level of 200–500 mass ppm, whereas electron beam melting (EBM), vacuum 

induction melting (VIM) and vacuum oxygen decarburization (VOD) made it 

possible to manufacture grades that contained very low amounts of interstitials, 

frequently below 100 ppm [31, 32]. Table 1 lists a selection from the most recent 

EN 10088-1:2014 ferritic corrosion resisting steel alloys with some key alloying 

elements and comparative equations with respect to their phase balance and 

corrosion resistance. 
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Table 1. Some ferritic stainless steel alloys from EN 10088-1:2014 [11] (wt.%). 

EN UNS/ASTM C N Cr Mo Others FF2 PRE3 

Low Cr grades 

1.4003 S40977 ≤0.03 ≤0.03 10.5–12.5 – – 7–8 11–13 

1.4512 409 ≤0.03 – 10.5–12.5 – Ti1 11–14 11–13 

Medium Cr grades 

1.4016 430 ≤0.08 – 16–18 – – 12–16 16–18 

1.4510 439 ≤0.05 – 16–18 – Ti1 18–21 16–18 

1.4509 S43940 ≤0.03 – 17.5–18.5 – Ti, Nb 20–23 18–19 

1.4521 444 ≤0.025 ≤0.03 17–20 1.8–2.5 Ti1 28–31 23–28 

High Cr grades 

1.4611 – ≤0.03 – 19–22 ≤0.5 Ti1, Ni, Cu 21–24 20–24 

1.4621 445 ≤0.03 ≤0.03 20–21.5 – Nb, Cu 21–23 20–22 

1.4613 – ≤0.03 – 22–25 ≤0.5 Ti1, Ni, Cu 22–26 23–26 

1.4592 S44735 ≤0.025 ≤0.045 28–30 3.5–4.5 Ti1 > 40 40–45 

1 stabilization also permitted with Nb and Zr,  
2 FF = Kaltenhauser ferrite factor = Cr + 6Si + 8Ti + 4Mo + 2Al – 40(C+N) – 2Mn – 4Ni [18],  
3 PRE = pitting resistance equivalent = Cr + 3.3Mo + 16N 

The Kaltenhauser ferrite factor (FF) shown in the table is a rough estimate of the 

phase balance after welding: values below 8 indicate a predominantly martensitic 

microstructure, values between 8 and 13.5 propose dual-phased ferritic-martensitic 

microstructure, and values greater than 13.5 fully ferritic. The pitting resistance 

equivalent (PRE) number approximates the corrosion resistance of an alloy, i.e., the 

higher the value, the greater the resistance to corrosion. Obviously, a wide variety 

of ferrite potential can be established with different grades, and corrosion resistance 

increases with higher alloyed grades. 

The workhorse of ferritic stainless steel grades has been 1.4016 (ASTM type 

430), which is one of the oldest stainless steels on the market. The early stabilized 

steel 1.4512 (409) is especially used for automotive exhaust components. Other 

common stabilized grades originating from the 1970s are 1.4510 (439) and 1.4521 

(444). The 1.4509 (S43940, ‘441’) is a relatively recent addition, brought to the EN 

standard in the 1990s. This steel grade is frequently referred to as ‘441’, as it shares 

similarities with the type 441 steel grade. 

Trend towards high Cr grades 

The higher alloyed superferritic steels were engineered as an alternative to Ti, 

Cu-Ni and superaustenitic alloys for use in seawater and other high-Cl applications 
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[31, 33, 34]. Compared with other ferritic grades, the superferritics had improved 

toughness due to the low interstitial content but also superior corrosion resistance 

in high-Cl and caustic environments [31, 32]. Among the superferritics, three 

development eras can be distinguished: first, a high-purity era (refining via EBM, 

ESR, VOD and VIM), then, 2–4 wt.% Ni alloyed era for improved 

manufacturability and finally, intermediate purity era, where the alloys were 

produced using AOD, but these alloys had to be stabilized for satisfactory 

toughness and ductility [32]. Despite the stabilization, the intermediate purity era 

alloys are typically used as thin sheets (≤ 2 mm) as a result of the brittleness in 

thicker sections [34]. A medium-Cr Mo-bearing grade corresponding to 1.4521 

(444) was developed in the era of superferritics and was originally regarded as one. 

However, nowadays, this grade is considered to be a general-purpose Mo-bearing 

grade that has excellent corrosion resistance comparable to that of 1.4401 (316) 

[35]. 

As opposed to special-purpose superferritic grades, the other range of high-Cr 

ferritic alloys is the 20–24 wt.% Cr grades. The notable differences between these 

and the former are the lower Cr content and absence of abundant Mo and Ni. Thus, 

these alloys are not intended to compete with the superferritics but to provide cost-

stable alternatives to the common austenitic grades 1.4301 (304) and 1.4401 (316) 

[2, 3]. In addition, these high-Cr grades also provide corrosion and oxidation 

resistance and high-temperature strength, exceeding those of conventional low- and 

medium-Cr ferritic grades. The Cr range of 20–24 wt.% has only been explored 

recently in Europe, i.e., many of the patents have been filed within the last 10 years 

[36–38]. The standardization of alloys within this Cr range has also started recently, 

as the high Cr grades listed in Table 1 with PRE values of 20–26 (1.4611, 1.4621, 

and 1.4613) are all newcomers. These grades contain intermediate to low interstitial 

contents depending on the refining process and are stabilized. Rather than Ni and 

Mo alloying, these steels frequently contain 0.3–0.8 wt.% of Cu for improved 

corrosion resistance in certain environments. 

2.1.2 Alloying elements in ferritic stainless steels 

Even though 5 wt.% of Cr is enough to produce some Cr enrichment on the surface 

of a steel, about 10.5 wt.% Cr is required for a sufficiently resilient passive film, 

and further alloying of Cr provides enhanced corrosion protection and oxidation 

resistance [39]. Chromium is a weak ferrite former but potent in the amounts 
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present in stainless steels. The upper limit is about 30 wt.%, because after, that the 

degree of embrittlement and growth rate of secondary phases accelerates [23, 40]. 

Molybdenum contributes to the passive layer and to the adjacent transition 

layer, so that pitting and crevice corrosion resistance improves notably [41–43]. 

Molybdenum is a potent ferrite former in the amounts alloyed in stainless steels. 

However, excessive alloying promotes secondary phases, especially sigma and 

Laves phase embrittlement [13, 44, 45]. 

Copper improves the general corrosion resistance by suppressing the active 

dissolution on the surface [46]. It retards the growth of pits, resulting in a lower 

amount of discoloration [47]. However, in Cl environments, Cu may reduce 

corrosion resistance, and fine epsilon-Cu precipitation in conjunction with Mo may 

contribute to stress corrosion cracking [48]. 

Carbon is an impurity in ferritic stainless steels. Rapid diffusion rates and low 

solubility of interstitials in ferrite leads to the practically unavoidable formation of 

carbides. A loss of toughness and ductility is apparent after precipitation [49, 44]. 

Unlike in austenitic steels, the limitation of C to 0.03 wt.% does not provide 

immunity to sensitization [19]. 

Nitrogen behaves similarly to C. The solubility of N in ferrite is limited and 

the precipitation of various nitrides is usually unavoidable. A significant reduction 

in toughness and ductility is apparent with high N contents [44, 49]. Unlike in 

austenitic steels, N in ferritics impairs the corrosion resistance by forming Cr-

nitrides, potentially leading to sensitization. 

Oxygen is not considered to be detrimental to the toughness of ferritic base 

metals, despite being an interstitial element and readily forming oxides. Redmond 

[50] demonstrated that 400 ppm of O did not lead to detrimental toughness in a Nb-

stabilized 18 wt.% Cr alloy. Also, Van Zwieten and Bulloch [51] noticed that 

650 ppm of O had very little effect on the toughness of the 40 wt.% Cr alloy. 

Titanium is used to combine with the interstitials, so that Cr-based precipitation 

can be avoided. Titanium nitrides and oxides can have a detrimental influence on 

toughness and surface appearance [50, 52]. Titanium also readily forms sulphide 

inclusions [53]. When present in solid solution, Ti is a very potent element for solid 

solution hardening [54]. In welds, Ti alloying generally promotes the formation of 

equiaxed grains, but excessive alloying reduces ductility [54, 55]. Stabilization 

with Ti only may impair corrosion performance and promote 475 °C embrittlement 

[56–59]. 

Niobium is often used in conjunction with Ti for stabilization. Unlike Ti, Nb 

combines with the interstitials but does not readily form other inclusions. 
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Stabilization with Nb generally improves toughness; in solid solution, it is a potent 

hardener and does not promote surface defects [50]. Also, it has been shown that in 

partly Nb-stabilized steels, the pitting corrosion potential is higher than with Ti 

alone [60]. However, excessive Nb alloying promotes interdendritic or grain 

boundary segregation, which may lead to hot cracking phenomena in the welds and 

promotes Laves phases [61–64]. Moreover, stabilizing only with Nb frequently 

leads to distinct formation of coarse columnar grains at the weld centreline [55]. 

Other stabilizing elements, such as Zr, Ta or V, are rarely used in ferritic 

stainless steels but can be useful [14, 53, 65]. For example, Nakao et al. [65] 

showed that Zr alloying can improve weld ductility by preventing Cr-based 

precipitation and excessive grain coarsening. 

Aluminium is usually used as a deoxidizer, but it is also a potent nitride former. 

Oxidation resistance is also improved with Al alloying [27, 66]. Some have claimed 

that the high Al content of 0.1–5 wt.% in conjunction with Ti, Cu and several other 

elements, improves ductility in high interstitial alloys [67, 68]. 

Silicon is often used in steelmaking as a deoxidizer and also improves the 

fluidity of the melt. The typical range for Si in ferritic stainless steels is 0.30–

0.60 wt.% when modern refining techniques are used. Silicon can also be used for 

improved oxidation resistance in high-temperature ferritic grades [27]. Some have 

claimed that 3–5 wt.% Si also provides improvements regarding corrosion 

resistance in Cr-saving (8 wt.% Cr) steels [69]. 

Wood [54] describes that to retain a good combination of toughness and 

ductility, the residual Mn, Si, Ni and Cu contents should be kept at a low level in 

combination with low interstitial and Ti contents. Nickel alloying can improve 

toughness, but due to economic reasons, it is usually not utilized in commercial 

production [70]. 

2.1.3 Embrittlement phenomena 

Secondary phase embrittlement, such as sigma, Laves and 475 °C embrittlement 

phenomena, can occur in ferritic stainless steels at elevated temperatures. Exposure 

to certain temperature ranges from several to thousands of hours may be required 

to form these phases. Highly alloyed ferritic grades are typically more prone to 

embrittlement, which is why care in design and awareness in use is required when 

ferritic stainless steels are used at elevated temperatures. 

475 °C embrittlement in ferrite occurs in alloys containing over 12 wt.% Cr as 

a result of the miscibility gap in the Fe-Cr system at 400–550 °C [21]. This is 
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essentially a very fine precipitation process, clustering of Cr atoms, that occurs in 

the ferritic matrix [20, 71]. Low-Cr and medium-Cr ferritic alloys are prone to 

embrittlement after tens to hundreds of hours of exposure, but in high-Cr alloys, it 

may only take a few hours. The reaction occurs by a nucleation-and-growth 

mechanism in the 12–24 wt.% Cr range and above this by spinodal decomposition 

[13]. These, up to 80% Cr-rich clusters are considered to be dislocation blocks 

along {100} matrix planes, resulting in solid solution hardening and a major 

reduction in toughness [20, 23]. While the reduction of toughness can occur rapidly, 

longer exposure also increases hardness and tensile strength. The embrittlement 

also impairs corrosion resistance because of a depletion of Cr concentration 

adjacent to Cr-rich clusters. The 475 °C embrittlement phenomenon is reversible 

as short-term annealing above 550 °C dissolves the clusters. 

Sigma-phase intermetallic compounds precipitate at the grain boundaries and 

are promoted by Cr, Mo and Si [72]. In ferritic stainless steels, the embrittlement is 

usually associated with high-Cr alloys and a temperature range of 500–900 °C but 

most readily at 800–850 °C. A significant reduction in toughness, ductility and 

fatigue resistance can occur due to the embrittlement [13, 22, 73]. If the Mo and Si 

contents are kept at a low level, the embrittlement is retarded and may require 

thousands of hours of exposure before occurrence. The sigma phase is also 

reversible by heating at a range of 900–950 °C for a few hours [74]. 

Laves phases (Fe,Cr,Ni)2(Nb,Mo,Si) are seen in a variety of steels, including 

ferritic stainless steels [25, 75–77]. In stabilized grades, the Fe2Nb types of particles 

have been found frequently [78, 79]. Laves phases are said to reduce thermal 

fatigue, cracking resistance, impact toughness and high temperature strength [63, 

80, 81]. However, others have shown that Laves phases can be utilized for creep 

resistance [82]. A solution annealing as that used for the sigma phase can be used 

to dissolve Laves phases. 

Sensitization to intergranular corrosion can also be categorized as an 

embrittlement phenomenon. Albeit, initially, it was speculated whether the 

sensitization mechanism in ferritics is the same as in austenitic steels, it was 

eventually shown that a similar phenomenon, i.e., Cr carbide and nitride 

precipitation and subsequent Cr depletion in their vicinity, is responsible for the 

embrittlement [22, 30]. Short-term heat treatment above 750 °C may not dissolve 

the Cr precipitates, but it allows Cr diffusion to occur and heal the Cr-depleted 

regions, thus, restoring the corrosion resistance of the steel. 

A high-temperature embrittlement (HTE) phenomenon is typically associated 

with the welding of unstabilized ferritic grades in regions experiencing peak 
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temperatures above 1200 °C [12]. When the cooling begins, the matrix quickly 

becomes supersaturated with respect to the interstitials. This leads to both 

intergranular and intragranular precipitation. Intragranular precipitation causes 

solid solution hardening, which reduces the toughness, and intergranular 

precipitation may lead to sensitization [44, 22]. 

2.2 Welding of ferritic stainless steels 

The weldability of the ferritic stainless steels can be divided into two groups: 

unstabilized and stabilized steels. The unstabilized steels often undergo complete 

or partial phase transformation to austenite at high temperatures, subsequently 

undergoing transformation into martensite during cooling [18]. The stabilized 

steels usually remain fully ferritic at all temperatures [27]. 

The weldability of ferritic grades is usually considered good although not as 

effortless as that of austenitic grades [12, 83, 84]. All modern ferritic grades are 

weldable with satisfactory results, but there are guidelines to follow to ensure 

sufficient mechanical and corrosion performance from the joints. Generally, all 

conventional welding methods can be used to produce sound welds such as gas 

tungsten arc (GTA), gas metal arc (GMA), shielded metal arc (SMA), plasma arc 

welding, resistance welding, laser welding and high-frequency welding methods. 

Submerged arc welding is not preferred because of the high heat input to the 

workpiece. Welding is normally carried out without preheating or PWHT in sheet 

thicknesses. In some cases, especially with unstabilized steels, a PWHT may 

provide improvements to the mechanical and corrosion properties. 

2.2.1 Welding guidelines 

Ferritic stainless steels are recommended to be welded with minimum heat input, 

because they are prone to pronounced grain growth in the heat-affected zone (HAZ). 

Preheating or PWHT is not recommended, so that grain growth and formation of 

secondary phases can be minimized. In predominantly ferritic steels, the coarse 

grain size and the formation of martensite impair toughness and ductility [18, 55, 

85–87]. Although low-heat-input and high-intensity welding processes are 

recommended, they may promote sensitization in instances when the high cooling 

rate hinders precipitation with stabilizing elements at high temperatures, and 

subsequently, Cr-based precipitation may occur at lower temperatures [88].  



27 

The most critical aspect of ferritic stainless steel welds is the retention of  

adequate toughness [89]. Early medium and high-Cr heat resistant ferritic grades, 

such as 1.4742 (442) or 1.4762 (446), were particularly brittle after exposure to 

high temperatures [90–92]. Initially, it was thought that the brittleness was due to 

the high Cr content and martensite, if present. However, it was later shown that the 

precipitation of carbides and nitrides caused the toughness to deteriorate [15, 51, 

93]. The higher Cr content apparently intensifies precipitation as an adequate weld 

ductility at the 19 wt.% Cr level is achieved with over 700 ppm of interstitials, but 

only 80–100 ppm of interstitials are tolerated at the 30 wt.% Cr level [94]. 

Therefore, to effectively retain the toughness in the welds, any potential sources of 

impurities and contamination should be eliminated [55]. This is especially the case 

with high-purity steels, in which vigorous precautions are required to inhibit any 

pickup [16, 95–97]. According to Deverell [97], most of the problems of the high-

purity E-Brite 26-1 alloy in service were linked to contaminated welds. For 

example, a clear reduction in toughness was reported when the shielding was 

insufficient [95]. 

From a practical standpoint, clean welding equipment, appropriate filler metals, 

dry basic electrodes or, when possible, an inert shielded process, care in joint 

preparation and sufficient shielding should be pursued. Abundant shielding with Ar 

is usually recommended, for both the front and backside of the weld [31]. For 

example, in GTA welding of high-purity steels, large gas cups should be used with 

a gas lens apparatus [98]. Helium can be used to improve weld penetration and 

productivity. Hydrogen, nitrogen or oxygen additions should be avoided, since 

hydrogen may cause hydrogen-induced cracking, nitrogen may cause a decrease in 

toughness and corrosion resistance, and oxygen may cause porosity. However, in 

GMA welding, the use of 1–3 vol.% O2 or CO2 in Ar-based shielding is preferred 

to stabilize the arc. Welding defects, such as undercutting or poor penetration, 

should be avoided because of notch sensitivity [31]. Sharp notches or fatigue cracks 

in welds are detrimental to toughness [24]. 

Austenitic filler metals are usually preferred because of their availability and 

because they provide improved weld metal ductility and toughness; however, the 

filler metal should have corrosion performance that is at least comparable to the 

parent base metal [99, 100]. High-purity ferritic filler metals are recommended 

when welding high-purity alloys, so that adequate toughness is maintained; 

however, good ductility and toughness can also be produced with Ni-based filler 

metals [98, 101]. 
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2.2.2 Fluid flow in stainless steel welds 

Four main forces contribute to the fluid flow in stainless steel welds: Marangoni 

forces, electromagnetic (Lorentz) forces, buoyancy forces and aerodynamic drag 

forces [102]. 

Marangoni forces arise mainly from the temperature-dependent surface tension 

gradients that exist in the weld pool. Fluid flow tends to be directed up the surface 

tension gradient. For example, in pure Fe and low-impurity steels, the surface 

tension increases as the temperature decreases, i.e., the temperature coefficient is 

negative. This leads to radially outward fluid flow and poor weld penetration. 

However, when the surface-active group 16 elements (S, O, Se, etc.) are present in 

the melt, the temperature coefficient of the surface tension can change to positive, 

leading to radially inward fluid flow in the molten weld pool [102–104]. For 

example, only 60 ppm of S is needed to change the temperature coefficient to 

positive and change the flow towards the centre and bottom of the weld pool [102]. 

This thermocapillary-driven fluid flow theory, initially proposed by Heiple and 

Roper [103, 105] for stainless steel welds, is generally accepted to be the main 

factor affecting fluid flow of the weld pool. Inward fluid flow is very beneficial in 

welding, as it leads to high weld penetration and productivity. 

One would assume that alloying enough S to satisfy good productivity would 

be the norm. However, sulphides are generally regarded as detrimental to corrosion 

resistance, and they also impair hot workability and cold forming properties [106, 

107]. Also, very stable sulphide and oxide forming elements, such as Ca, Al, and 

Ti, originating from the steelmaking can also reduce the available S and O by 

forming very stable CaO, CaS, Al2O3, TiO2, etc. These compounds can survive in 

molten weld pool temperatures (1600–2100 °C), reduce the available surface-

active elements, and alter the surface tension properties. Thus, very low S content 

and formation of very stable oxide inclusions can practically eliminate free S and 

O and impair weld penetration. In practical welding, there are techniques to 

overcome poor weld penetration such as using keyhole welding processes, 

hydrogen shielding or double shielding welding methods, or active flux gas 

tungsten arc (A-TIG) welding [104]. 

Even though Marangoni forces are usually considered to be the dominant 

forces for controlling weld penetration, other forces can have significant effects. 

Higher welding currents increase the electromagnetic forces and current density in 

the anode area [108]. Welding using high currents may also impose stirring effects 

in the weld pool [109]. Due to buoyancy effects, the hotter parts of the weld pool 
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gravitate towards the top of the weld and thereby influence fluid flow. Aerodynamic 

drag forces arise from arc pressure, high welding currents depress the surface of 

the molten metal and may improve penetration. 

The overall combined effects of the above forces are complicated due to the 

interactions of the various welding parameters. For example, in the relatively 

simple autogenous GTA welding process, the following can also affect the fluid 

flow: the distance and inclination of the welding electrode to the workpiece, the tip 

geometry of the electrode, welding speed, the shielding gas used, and slag islands 

that may exist in the weld pools [108]. 

2.2.3 Slag island formation in welding 

In the presence of free O, the elements originating from, e.g., scrap, refractories, 

deoxidation, desulphurization, inclusion shape control and stabilization practices 

such as Al, Ca, Mg, Mn, Si and Ti tend to form oxides. If these oxides survive in 

the molten weld pool, the particles can float to the surface of the weld pool due to 

buoyancy and accumulate as slag islands [106]. These slag islands (also known as 

slagging, slag spots, white spots, black spots, silicate islands, oxide islands, scum, 

rafts, films, patches, and refractory oxides) are often visible after welding and can 

also be found on the underside of the weld [106, 110]. 

Slag islands are not just an aesthetic inconvenience; the formation of large 

oxide clusters can alter the surface tension properties of the weld pool and interfere 

with the welding arc [106, 110–113]. Slagging is reported to cause arc instability, 

uneven weld bead, discontinuities, reduced and irregular penetration [106, 110–112, 

114]. Slag islands may also promote corrosion problems, although this is 

controversial [113, 114]. It is also speculated that ferritic solidification mode might 

reduce slagging tendency due to the higher solubility of Ca, Si, Al, Ti and Zr in 

ferrite than in austenite [112].  

Visible slag islands in certain grades and applications are frequently the subject 

of customer complaints. Depending on the customer processes, the requirements 

may vary considerably. For example, in semiconductor applications, visual slag 

formation is not allowed, as it may lead to contaminations [113]. In long tubular 

manufacturing, the weld should be free from imperfections for many hundred 

meters. Removal of slag islands can be costly and sometimes impossible due to 

unreachable joint configurations. Also, some manufacturers use rollers after 

welding, and rolled-in slag islands can leave a pit after pickling [106]. 
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2.2.4 Solidification of ferritic stainless steel welds 

Unlike austenitic stainless steels that have many solidification modes, ferritic 

stainless steels solidify to single-phase ferrite. The solidification structure starts to 

form as epitaxial nucleation from the partially melted HAZ grains at the fusion 

boundary. The solidifying grains align themselves in the <100> crystal growth 

direction. Grains that are aligned best to the solid-liquid interface of the weld pool 

will consume other grains via competitive growth [115]. Epitaxial growth from the 

fusion boundary can become disturbed if the chemical composition of the filler 

metal used is significantly different from that of the base metal. Compositional 

diversity can impose a barrier for nucleation, e.g., when ferritic stainless steels are 

welded with austenitic filler metals, and this leads to a characteristic interphase 

boundary [115]. 

Welding speed changes the shape of the weld pool and influences solidification. 

As the solidification follows the solid-liquid interface, the teardrop-shaped weld 

pool associated with higher welding speed can lead to pronounced impingement of 

columnar grains at the weld centreline. Impurities accumulate along the centreline, 

which can cause hot cracking. A more favourable solidification structure occurs 

with an elliptical weld pool, where the orientation of grains constantly changes, so 

that they maintain the alignment with the solid-liquid interface. However, very long 

unwanted axial grains may be more prominent with elliptical-shaped weld pools 

[116]. In ferritic stainless steels, the dendritic solidification substructure is 

generally not seen due to rapid back-diffusion after solidification [117, 118]. 

Solidification morphologies further change due to changes in constitutional 

supercooling. This is influenced by the temperature gradients and changes in the 

local liquidus temperatures. High-temperature gradients promote planar and 

cellular morphologies, whereas low-temperature gradients promote dendritic 

solidification. Alternative solidification processes occurring ahead of the 

solidifying front in the weld pool are dendrite fragmentation, grain detachment, 

heterogenous nucleation on secondary particles and surface nucleation [116]. The 

nucleation of grains on secondary particles, i.e., inoculation, is very effective and 

often used in metal casting [119]. In the case of steels, the effective nucleating 

agents vary with steel composition due to differences in the balance of interfacial 

energies between the nucleant, nucleus and the liquid metal [120]. The lowest 

calculated misfit between ferrite and secondary particles is with Ce oxides and 

sulphides, but generally, Al, Mg, Ti and Zr compounds are used in the refinement 

[118, 120, 121]. 
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2.2.5 Microstructure after welding 

Because of the broad chemistry range of ferritic grades, as evidenced by, for 

example, the ferrite factor given in Table 1, there are grade-dependent features in 

the welds that must be taken into consideration. The dual-phase structure of ferrite 

plus grain boundary martensite typically seen with high-interstitial unstabilized 

grades is usually detrimental regarding toughness, ductility and corrosion 

resistance [83]. A PWHT is preferred to temper the martensite [13]. However, the 

treatment should also be carried out at a high enough temperature (>750 °C) to 

allow Cr diffusion into the sensitized regions to restore the corrosion resistance. 

Lower interstitial contents may prevent the partial phase transformation to austenite, 

or the martensite that forms may be more ductile [122–125]. Regardless of the 

improved ductility, fully ferritic unstabilized grades can still suffer from 

sensitization after welding or other heat treatments. 

The stabilized ferritic grades behave relatively similarly to each other in 

welding due to the absence of austenite formation. The entrapment of interstitials 

to e.g. Ti and Nb carbonitrides suppresses the formation of austenite at high 

temperatures. Subsequently, these alloys can be fully ferritic at all points of the 

welding thermal cycle. Practically, the only distinctive feature in welds of stabilized 

grades is the grain growth in the HAZ. The stable precipitates can restrict grain 

growth by pinning the grain boundaries [126, 127]. The effect is dependent on 

many factors, including particle type, shape, size, spacing and volume fraction 

[128]. The toughness of the stabilized welds is usually improved from that of 

unstabilized high interstitial welds but the ductile-brittle transition temperature 

(DBTT) could easily be near or at room temperature at moderate thicknesses 

(3.2 mm or 1/8 inch) in intermediate purity grades [129]. However, in high-purity 

alloys that have very low interstitial levels, even 12 mm thick plates have been 

shown to be feasible for welded structures [130]. 

  



32 

 



33 

3 Experimental 

3.1 Materials 

In total, 55 different ferritic stainless steel heats were examined; see Table 2 for the 

broad overview and individual papers for detailed chemical compositions. 49 heats 

were 11–21 wt.% Cr commercial heats from three stainless steel producers and at 

least four different melt shops. The remaining six heats were stabilized 21 wt.% Cr 

steels made in the laboratory. All the stabilized steels (n=49) can be considered as 

having intermediate purity, i.e., the sum of C and N was on average 0.04±0.01 wt.%. 

The unstabilized steels 1.4003 and 1.4016 (n=6) were used as a reference. Material 

thicknesses were in the range of 1.5–6 mm, four steels were in the hot rolled and 

annealed condition, and the rest of the materials were in the cold rolled and 

annealed condition. 

Table 2. Broad overview of the test materials used (wt.%). 

Steel grade n C Si Mn Cr Ni Mo Ti Nb Cu N Al 

EN 1.4003 3 0.01-

0.02 

0.3 1.4 11.2-

11.4 

0.4 0.01-

0.04 

– – – 0.01 – 

EN 1.4512 1 0.01 0.7 0.4 11.4 0.1 0.01 0.20 – – 0.01 – 

EN 1.4016 3 0.02-

0.06 

0.3-

0.4 

0.3-0.5 16.1-

16.3 

0.1-

0.2 

0.01-

0.2 

– – – 0.03 0-

0.01 

EN 1.4509 37 0.01-

0.03 

0.4-

0.6 

0.3-0.5 17.5-

18.3 

0.1-

0.4 

0.01-

0.05 

0.11-

0.17 

0.37-

0.49 

– 0.01-

0.03 

0-

0.09 

EN 1.4521 2 0.01-

0.02 

0.4-

0.5 

0.4-0.5 17.7-

18.0 

0.2-

0.3 

2.0-2.1 0.13-

0.17 

0.33-

0.43 

– 0.01-

0.02 

0-

0.01 

EN 1.4621 1 0.01 0.2 0.2 20.6 0.2 0.02 0.01 0.45 0.4 0.01 0.00 

EN 1.4622 2 0.02 0.5-

0.6 

0.4 20.8 0.2 0-0.02 0.12-

0.15 

0.25 0.3-0.4 0.02 0.01-

0.01 

21Cr Lab 6 0.02-

0.03 

0.4-

0.5 

0.3-0.5 20.2-

21.1 

0.2-

0.8 

– 0.02-

0.53 

0.01-

0.54 

0.4 0.01-

0.02 

0.01-

0.05 

Papers I and II investigated 31 materials in the 1.5 mm nominal thickness from the 

stabilized steel grade 1.4509. Paper III included one heat from 1.4003, 1.4512, 

1.4016 and 1.4509 grades, all in 2 mm thickness. Paper IV contained all 

commercial materials, excluding those from Papers I and II. Paper V investigated 

four stabilized laboratory steels in 3 mm thickness, and Paper VI the remaining two 

2 mm laboratory steels and one 1.5 mm commercial steel of grade 1.4622. 
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The laboratory steels were melted with varying amounts of Ti, Nb and Al. 

Materials were reheated at 1100–1115 °C, then hot rolled using approximately 30% 

reduction per pass to 5 mm and subsequently cold-rolled to 2–3 mm, then annealed 

in the range 925–1030 °C and pickled. In addition, the welds in Paper VI were 

produced with wet ground 600 grit finishes to ensure comparable surface 

conditions. 

3.2 Methods 

Several welding processes and techniques were used in this research work and these 

are summarized in Table 3. A brief explanation is provided here and a more detailed 

description can be found in the corresponding papers. 

Table 3. Preparation techniques used. 

Preparation technique Paper I Paper II Paper III Paper IV Paper V Paper VI 

GTA welding X X  X  X 

GMA welding   X X   

SMA welding    X   

Laser welding    X  X 

Gleeble simulation    X X  

PWHT   X    

Shielding gas mixing  X    X 

Parameter monitoring  X     

Mechanized autogenous bead-on-plate GTA welding was used with a variety of 

welding parameters. In Paper I, five different GTA welding scenarios were used to 

produce a variety of 200 mm in length partial penetration and full penetration welds 

for slag island and weld penetration evaluations. Paper II continued the research 

with in situ weld pool characterization, continuous welding parameter monitoring 

and additional welding scenarios that also introduced 3% H2 to the typical Ar 

shielding. In Paper III, mechanized square butt welding experiments were carried 

out using pulsed GMA welding and Ar + 2% O2 shielding for 2 mm materials with 

Ø 1 mm solid core ferritic (409LNb, 430LNb and 430Ti) and austenitic (308LSi) 

filler wires. In addition, PWHTs were investigated according to the standard or 

filler wire manufacturer recommendations at 750 °C for 1 to 2 hours. Paper IV 

combined the data from 1.5–6 mm materials of multiple welding techniques, 

including GTA, GMA, SMA welding, laser welding and Gleeble HAZ thermal 

simulations. Paper V used further Gleeble simulations to produce variations in the 
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HAZ microstructure with different heat inputs (0.3, 0.5 and 0.9 kJ/mm) at peak 

temperature of 1350 °C for 3 mm materials.  Finally, Paper VI used GTA and laser 

welding and mixtures of shielding gases (Ar, O2 and N2) to investigate the 

possibilities of encouraging grain refinement in the weld metals of 1.5–2 mm thick 

materials. 

Various mechanical and corrosion tests were used to assess the feasibility of 

welds prepared in Papers III–VI. Table 4 lists the testing methods and the 

corresponding papers provide more details. 

Table 4. Testing methods used. 

Testing method Paper I Paper II Paper III Paper IV Paper V Paper VI 

Hardness   X  X  

Impact toughness   X X X X 

Tensile testing   X X  X 

Erichsen testing   X    

Cracking resistance      X 

Oxidation testing      X 

Intergranular corrosion      X 

Papers I and II did not contain material property testing. Paper III compared welds 

produced with ferritic and austenitic filler metals using various mechanical tests: 

room temperature tensile tests, hardness evaluations (HV1 and HV0.1), impact 

toughness testing (-40 °C to +20 °C) and Erichsen cupping tests that were used to 

evaluate the stretch formability of the welds. Paper IV correlated extensive impact 

toughness test data to fracture appearance in 17 materials and their welds. Yield 

strengths of the base materials are provided for reference. In Paper V, various 

Gleeble simulated HAZs were investigated via impact toughness (-60 °C to +80 °C) 

and hardness (HV1) testing. High-temperature tensile and oxidation tests (900 °C), 

impact toughness tests (-20 °C to +40°C), Houldcroft-type fishbone solidification 

cracking tests and Strauss intergranular corrosion testing were used in Paper VI to 

assess the properties of experimental fine-grained welds compared to those of the 

ordinary columnar-grained welds. 

Multiple characterization techniques were used throughout this research work. 

Table 5 gives an overview, and detailed descriptions are provided in the 

corresponding papers. 
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Table 5. Characterization techniques used. 

Technique Paper I Paper II Paper III Paper IV Paper V Paper VI 

LOM / LCF X  X X X X 

SEM X X X X X X 

SEM-EDS X X X X X X 

SEM-EBSD      X 

STEM     X  

STEM-EDS     X  

Visual X X     

In situ OE  X     

Video imaging  X     

Light optical microscopy (LOM), laser confocal microscopy (LCF) and scanning 

electron microscopy (SEM) with accompanying modules were the primary 

characterization techniques. In Paper I, visual inspection was used to determine the 

extent of slagging intensity and LOM/LCF was used to assess the level of weld 

penetration. SEM with energy-dispersive X-ray spectrometry (EDS) was used for 

analysing the chemical compositions of slag islands. Paper II continued the work 

and included weld pool video imaging and in situ optical emission spectroscopy. In 

Paper III, LOM/LCF was used to distinguish the amount of dilution and 

microstructural differences between welds produced with different filler metals. In 

addition, SEM-EDS was used to analyse the secondary phases observed after 

PWHT. In Papers IV–VI, LOM/LCF was used for main microstructural 

characterization, SEM-EDS was used for fractography and particle analysis for 

particles ≥ Ø 1 µm. In Paper V, the scanning transmission electron microscope 

(STEM) combined with EDS was used for particle analysis below Ø < 1 µm after 

electrolytic extraction. Electron backscattering diffraction (EBSD) was used in 

Paper VI for phase recognition. 

Statistical analyses were carried out mainly using multiple linear regression. 

Analysis and models were prepared in Papers I, II and V. To minimize the 

sensitivity to data outliers, typically, a limit of plus or minus two standard 

deviations were used for the residuals. Variance inflation factor (VIF) was used to 

assess the multicollinearity of the independent variables. Collinear variables (VIF > 

5) were treated so that the variable with the strongest relationship was included in 

the final model. 
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4 Results 

4.1 Slagging assessed after welding 

The formation, development and influence of slag islands were studied in Papers I 

and II for 31 commercial steels of grade 1.4509. In Paper I, the slagging was studied 

in four autogenous GTA welding scenarios after welding by using a visual ranking 

system and SEM-EDS. For the 200 mm long welds, the visual slagging intensity 

criteria were: 0 = no slag observed, 1 = two-millimetre-scale large spots and a few 

small spots allowed, 2 = less than 5 large spots or < 20% continuous slag along the 

weld, 3 = less than 10 large spots or 20–50% continuous slag along the weld, 4 = 

countless large spots or 50–100% continuous slag along the weld, 5 = weld entirely 

covered by slag or countless large spots with 100% continuous slag. 

Based on the visual inspection, two different slag types were identified: bluish 

glassy slag associated with arc ignition and globular slag spots. Multiple linear 

regression models were derived to estimate the slagging intensity (Table 6). The 

analysis indicated that of the 15 elements analysed (C, Si, Mn, P, Cr, Ni, Mo, Ti, 

Nb, Cu, N, S, Al, Ca, O), Al promoted ignition slags, whereas Ca and Ti generally 

promoted slag spots. 
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Table 6. Regression analysis of the slagging intensity (0–5). [Paper I, modified and 

reprinted by permission of Springer] 

Test series Slag types analysed Variable Coeff.3 VIF4 n R2 adj. SE5 

D/W1 No slag and ignition slags (Const.) -0.43 - 24 98% 0.21 

  Ca8 -418.9 1.03    

  Al8 85.55 1.03    

D/W1 Ignition slags (Const.) -15.61 - 16 80% 0.56 

  Al7 39.70 1.11    

   Voltage8 1.61 1.11    

D/W1 No slag and slag spots (Const.) -4.60 - 55 70% 0.89 

  Ca8 2127 1.06    

  Ti8 31.98 1.06    

D/W1 Slag spots (Const.) -4.03 - 37 70% 0.75 

  Ca8 1859 1.14    

  Ti8 44.3 1.38    

  Al8 -100.2 1.33    

Wb/Wf
2 Slag spots (Const.) 2.91 - 22 48% 0.85 

  Ca6 745 1.05    

  Al8 -73.8 1.05    

1 D/W = partial penetration welding scenarios, 2 Wb/Wf = full penetration welding scenarios, 3 regression 

coefficients, 4 variance inflation factors, 5 standard error of the regression models, 6 p < 0.05, 7 p < 0.01, 8 

p < 0.001 

SEM-EDS analyses were carried out on 226 individual slag islands. For 

quantitative chemical analysis, EDS spectra were corrected by assuming that there 

was no Fe in the slag and that the Fe signal originated entirely from the steel matrix. 

The upper limit for the matrix contribution was set to 70%. In this way, it was 

possible to correct the measured compositions by subtracting the matrix 

composition weighted according to the apparent Fe content measured. In addition, 

a 5 wt.% threshold value was set to the elements present in the slag to minimize 

any artefacts coming from the normalization. The main elements found in slag 

islands were O, Ca, Ti and Al, as listed in Table 7. Chromium was also quite 

frequently present, but it was thought to be an artefact of the EDS correction 

process, originating mainly from the matrix rather than the slag islands. 
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Table 7. Summary of the main elements found in 226 slag islands. [Paper I, modified 

and reprinted by permission of Springer] 

Element O Ca Ti Al Cr Zr, Mg, N, Nb, C, Si, Mn, S, P 

Count ≥5%1 226 210 203 155 52 ≤ 10 

Frequency, %2 100 93 90 69 23 < 5 

Min, wt.% 12 5 5 5 5 – 

Mean, wt.% 35 22 22 23 10 – 

Max, wt.% 49 47 61 48 17 – 

1 number of particles greater or equal to the 5 wt.% threshold value, 2 frequency of an element with 

respect to the total number of slag islands analysed 

An example of a large mm-scale slag spot is shown in Fig. 1 together with EDS 

elemental maps of Al, Ca and Ti. Fig. 2 shows how a slag spot is seen on top of an 

Al raft and how it has influenced the fusion boundary. Fig. 3 shows an example of 

non-crystalline glassy slag island. In the figures, the compositions calculated from 

the EDS spectra are not normalized. There was a general trend that an increase in 

the bulk Al increased the amount of Al seen in the slag islands, as shown in Fig. 4. 

 

Fig. 1. Example of EDS-mapping of a large slag island. [Paper I, reprinted by permission 

of Springer] 
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Fig. 2. Example of slag island characteristics and raw EDS spectra. [Paper I, reprinted 

by permission of Springer] 

 

Fig. 3. Example of a glassy slag island and raw EDS spectrum. [Paper I, reprinted by 

permission of Springer] 
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Fig. 4. Changes in the composition of slag islands with respect to Al in the bulk. [Paper 

II, modified and reprinted by permission of Springer] 

4.2 Slagging assessed in situ 

In Paper II, the slagging characteristics were examined in more detail. Various 

additional autogenous GTA welding scenarios were prepared and examined by 

using weld pool video imaging, in situ optical emission spectroscopy, welding 

parameter monitoring and metallography. Based on observations from about 120 

welds, three separate slagging mechanisms were identified and these could be 

correlated to the chemical composition of the steel and welding parameters used 

(Fig. 5a–c). In addition, based on the movement of slag particles, typical fluid flow 

patterns were approximated (d). 
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Fig. 5. Proposed mechanisms for slagging phenomena; accumulation of slag spots at 

the sides and rear of the weld pool (a), Ca-Al-Ti cluster formation (b) and large Al-based 

film formation (c). Fluid flow patterns are implied from the observed movements of slag 

islands (d). The shape of the weld pool may vary from elliptical to tear drop depending 

on the welding parameters used. [Paper II, reprinted by permission of Springer] 

The most visually striking slag islands, globular slag spots, (Fig. 5a) were the result 

of slag accumulated at the rear of the weld pool. This slag type was more prominent 

in low-Al, high-Ca steels. The build-up occurred as the initial outward fluid flow, 

a characteristic of low S steels, kept the small slag particles close to the fusion line. 

Depending on the weld solidification front, the small slag particles would either 

adhere to the edges of the weld or accumulate at the rear of the weld pool, where a 

distinct inward flow was detected in most welding scenarios from the video footage. 

Once the slag spot grew to a size where it would touch the solidifying front, it 

detached from the weld pool and often formed mm-scale slag spots like those 

presented in Fig. 1. However, not all slag would detach at once, as some residue of 

the spot would facilitate the development of a new spot. This residue also prevented 

the formation of smaller slag spots at the rear, sometimes seen at the beginning of 

the weld, where two separate slag accumulations would take place in the inward 

loop of the flow at the rear of the weld pool, Fig. 6. The inward flow region would 

further promote the development of new large spots instead of small spots, Fig. 7. 
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Fig. 6. Merge of slag islands (scale in cm). [Paper I, modified and reprinted by 

permission of Springer] 

 

Fig. 7. Build-up of slag at the rear of the weld pool, and slag detachment. [Paper II, 

reprinted by permission of Springer] 

The second slag type (Fig. 5b) consisted of small < Ø 1 mm black spots that had a 

mean chemical composition of 22 ± 12% Al, 21 ± 8% Ca and 14 ± 9% Ti. These 

spots would develop more frequently in high-Ca steels. Typically, these black spots 

would travel at about one fourth of the distance from the fusion line towards the 

centre of the weld pool. The black spots would frequently exist at these one-fourth 

locations, and fluid flow patterns implied that these were relatively stable locations. 

However, once the flow patterns were disturbed, the black spots would very 

quickly, in roughly 50 ms, i.e., at 0.04 m/s, be drawn to the fusion line, where local 

fusion line discontinuities would form, as seen in Fig. 8 and previously presented 

Fig. 2. 

 

Fig. 8. Black spot movement and fusion line discontinuity. [Paper II, reprinted by 

permission of Springer] 

The third slag type (Fig. 5c) was thin but comparatively large glassy film oxide 

mostly comprised of Al (~49 wt.%) that also contained some Ti (~15 wt.%), the 

remainder being O. These films were found more frequently as the Al concentration 
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increased and were analogous to the post-welding ignition slags presented in Paper 

I. Owing to the thin and transparent nature of the film, clear visual distinction in 

situ was limited to a few welds. However, it was clear that these films could cover 

the entire front part of the weld pool and survive through the weld cycle, as seen in 

Fig. 9. Films also disturbed the movement and adherence of black spots. 

 

Fig. 9. Film formation. [Paper II, reprinted by permission of Springer] 

Based on in situ examinations, it became very clear that slag island examinations 

after welding can be misleading. The visual ranking of slag islands was mainly 

limited to large slag spots that accumulated and eventually detached at the rear of 

the weld pool. These post-welding investigations were not able to distinguish the 

influence and existence of black spot clusters and glassy films during the welding. 

Welding parameter monitoring showed that most notable changes during 

welding occurred with arc voltage. Occasionally, it appeared that heavy slag island 

formation influenced the measured arc voltage. However, this type of behaviour 

was not consistent and had no statistical significance in regression analyses. 

Regression models about the factors influencing arc voltage were also inconsistent 

between different welding scenarios. Optical emission spectroscopic examinations 

from the welding arc revealed that Ar I intensity generally has a good correlation 

to momentary arc voltage. The optical emission spectra also contained Ca, Mn and 

Na peaks. However, no clear interactions between slagging and spectroscopy could 

be identified with the set-up and analysis techniques used. 

Slagging intensity was successfully lessened by using a reducing shielding gas 

(Ar + 3% H2), but this generally only offered minor improvements. Pulsed current 

technique induced a rocking motion to the weld pool and disturbed the typical 

solidification behaviour. However, the effect of pulsed current on the slagging 

intensity was dependent on welding parameters, i.e., the slagging would diminish 
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or increase depending on how the parameters influenced the solidifying front, the 

weld pool geometry and subsequent slag accumulation mechanisms. 

4.3 Weld penetration studies 

In Paper I, the level of weld penetration was studied in 31 commercial steels of 

grade 1.4509 in five autogenous GTA welding scenarios. The scenarios consisted 

of partial penetration (D/W) and full penetration welds (Wb/Wf). In about 22% of 

the welding test cases, changing weld penetration profile was observed along the 

length of the weld. The criterion for changing penetration was set to the relative 

standard deviation of 10%. Values above this limit were not included for 

penetration studies. Among those accepted, a clear trend existed that trace amounts 

of Ca degraded the penetration in every scenario, as seen in Fig. 10. However, 

statistical analyses showed that when considering the minimum-maximum ranges 

of the elements, Ti and Si were equally important in controlling the penetration 

(Table 8). The level of penetration was generally modest, for example, in partial 

penetration welds, 72% were below 0.30, which is generally regarded to be the 

limit for poor weld penetration. The surface-active elements S and O had no 

statistical effect on penetration for the ranges studied. 

 

Fig. 10. Simple relationships between Ca content and weld penetration measured using 

partial penetration depth-to-width ratios (D/W) (A) and for full penetration welds, the 

ratio of the weld root bead width to weld face width (Wb/Wf) (B) [Paper I, reprinted by 

permission of Springer] 
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Table 8. Regression analyses of the penetration tests. [Paper I, modified and reprinted 

by permission of Springer] 

Test series Variable Coeff. VIF Range3 Max effect4 n R2 adj. SE 

D/W1 (Const.) -0.88 – – – 52 91 0.02 

Ca -14.45 1.22 0.0025 16% 

Ti -0.77 1.26 0.06 21% 

Si -0.12 1.20 0.26 14% 

Cr 0.03 1.07 0.7 10% 

Heat input 8.61 1.15 –  

Wb/Wf
2 (Const.) 0.95 – – – 27 97 0.03 

Ca -128.6 1.52 0.0026 63% 

Ti -4.79 1.28 0.04 36% 

Si -1.46 1.34 0.21 58% 

Al 3.19 1.56 0.037 22% 

Heat input 9.09 1.05 – – 

Shielding gas Ar 15 l/min, Backing gas Ar 10 l/min, gas cup Ø no 7, DCEN, GTA efficiency 0.6, electrode 

stick-out 6 mm, distance to workpiece 2 mm, Ø2.4 mm WTh-2 electrode, 45° tip angle, truncation 

diameter 0.19±0.04 mm; 1 D/W = three partial penetration welding scenarios: 75 A 9.5–10.8 V 

300 mm/min, 100 A 10.2–11.3 V, 483 mm/min  and 125 A 11.0–12.0 V 675 mm/min; 2 Wb/Wf = two full 

penetration welding scenarios: 125 A 10.5–11.7 V 483 mm/min, and 150 A 11.5–12.7 V 483 mm/min; 3 

wt.%; 4 estimated maximum effect as a percentage of the mean value: D/W=0.22, Wb/Wf=0.53 

4.4 Microstructure and properties 

Weld metal microstructures were examined in Papers III, IV and VI. Heat-affected 

zones were examined mainly in Paper V but also to some extent in Papers III and 

IV. 

4.4.1 Influence of filler metals 

In Paper III, two stabilized (1.4512, 1.4509) and two unstabilized 2 mm thick 

ferritic grades (1.4003, 1.4016) were GMA welded using Ø 1 mm solid-core 

stabilized ferritic filler wires (409LNb, 430LNb, 430Ti). Austenitic filler metal 

(308LSi) was used as a reference. Basic mechanical properties were evaluated: 

hardness, tensile, impact toughness and weld area ductility via the Erichsen 

cupping test. The welds were characterized using LOM and SEM-EDS, and the 

weld metal microstructures were estimated using stabilization and ferrite factor 

calculations. The amount of dilution was estimated from the micrographs. Possible 
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pick-up reactions or element loss during welding were not considered in the 

calculations. 

The microstructures could be roughly estimated with the use of a modified 

ferrite factor that included Nb as a ferrite former. The welds in unstabilized 1.4003 

using 409LNb filler wire had a ferrite factor of about 11 and contained a significant 

amount of martensite. In the low Cr stabilized steel 1.4512, some minor amounts 

of martensite were present due to the ferrite factor being just above 13.5, which is 

the limit for fully ferritic welds. The medium Cr steels 1.4016 and 1.4509 generally 

did not show martensite in the welds, but steel 1.4016 welded using high interstitial 

430Ti filler wire contained minor amounts of grain boundary martensite. 

Martensite was generally harmful for the toughness and ductility of the weld and 

HAZ, excluding the superior toughness properties achieved in welds of 

unstabilized steel 1.4003. 

Regardless of the presence of martensite, the most distinct feature in the 

micrographs was the coarse columnar grains that were particularly obvious in 

welds fabricated with the Nb-stabilized filler metals 409LNb and 430LNb, seen in 

Fig. 11. Even in the absence of martensite, very low impact toughness values were 

seen in most of these coarse-grained welds, with DBTT values being 0 °C for 

409LNb welds and above 40 °C for 430LNb, excluding the values in welds of steel 

1.4003. Some grain refinement and improvements in toughness were seen with 

welds fabricated with Ti-stabilized wire. 
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Fig. 11. Microstructures of welds using ferritic filler metals; 1.4512 & 409LNb (a), 1.4016 

& 430LNb (b), 1.4509 & 430LNb (c), 1.4509 & 430Ti (d). [Paper III, modified and reprinted 

by permission of Springer] 

Regarding other properties, the tensile strength of the welds generally surpassed 

that of the base metals. A PWHT tempering carried out at 750 °C for 1 to 2 hours 

generally improved ductility in Erichsen testing but relocated the rupture in tensile 

testing into the weld metal. It was also demonstrated that unnecessary PWHT for 

steel 1.4509 runs the risk of inducing the Laves phase in the base metal and HAZ 

with a noticeable reduction in impact toughness, as seen in Fig. 12. 
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Fig. 12. Impact toughness of 1.4509 welds using 430LNb and 430Ti filler wires. BM 

denotes base metal, HTHAZ denotes high-temperature HAZ, DBTT denotes the ductile-

brittle transition temperature for sub-sized specimens. [Paper III, modified and reprinted 

by permission of Springer] 

4.4.2 Grain refinement in autogenous welds 

In Paper VI, efforts were made to induce grain refinement in 21 wt.% Cr-stabilized 

ferritic stainless steel autogenous GTA welds that would otherwise solidify in a 

columnar fashion. An approach was used in which Al and Ti needed to form oxides, 

and nitrides were introduced by alloying the steel, and the needed O and N for 

effective inoculation were introduced via the shielding gas. 

Fig. 13 demonstrates that an experimental laboratory steel solidified in a 

columnar manner when using normal Ar shielding in GTA welding. A gradual grain 

refinement was achieved in the two experimental laboratory steels when the 

shielding gas was mixed with 1–10 vol.% N2 and 0.5–3 vol.% O2 components. 

 

Fig. 13. Grain refinement using shielding gas mixtures in GTA welding, top view. [Paper 

VI, modified and reprinted by permission of Springer] 
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Grain sizes of about 40 µm were achieved at the weld centreline through the 

process, and the fraction of equiaxed grains increased with the increase of N2 and 

O2 components in the shielding gas (Fig. 14). The effect did not take place if the 

shielding gas was mixed with either N2 or O2 alone, although some irregularities in 

solidification were observed with single N2 additions. 

 

Fig. 14. Grain size and fraction of equiaxed grains in the welds with respect to N2 and 

O2 in shielding gas. [Paper VI, modified and reprinted by permission of Springer] 

Grain refinement was unsuccessful in laser welding. Gas analyses from the weld 

metals indicated that nitrogen absorption had been very limited in laser welds 

compared to the GTA, seen in Fig. 15. The gas analyses also showed that oxygen 

was needed to produce surface slag that protected the weld metal from nitrogen 

outgassing. An interesting feature in some of the high N welds was the presence of 

retained austenite (15–20 vol.%) instead of martensite. The modified Schaeffler 

diagram of Espy [131] indicated that austenite could be stable in welds with more 

than about 0.1 wt.% N. 

 

Fig. 15. The effect of shielding gases on the N content of the weld metals (left) and 

retained austenite observed in high N welds with SEM-EBSD (right). [Paper VI, modified 

and reprinted by permission of Springer] 
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The fine-grained welds showed mixed results in mechanical and corrosion testing. 

High-temperature tensile and oxidation resistance was at least comparable to those 

of columnar-grained welds. The cracking resistance of the welds assessed via 

fishbone-type specimens slightly improved with fine-grained welds. However, 

owing to the increase in interstitial content, impact toughness deteriorated with an 

increase in the DBTT by about 20 °C, and the welds were susceptible to 

intergranular corrosion. Retained austenite was seen to be slightly beneficial by 

preventing sensitization of ferrite-ferrite grain boundaries, but no improvements 

were seen in impact toughness. 

4.4.3 Role of precipitates and inclusions with respect to toughness 

In Paper V, the correlation between microstructure and toughness parameters was 

investigated in four 21 wt.% Cr-stabilized ferritic laboratory steel base metals and 

simulated HAZs. The steels had interstitial contents of 380–450 ppm by mass and 

the stabilization varied from fully Nb-stabilized to fully Ti-stabilized. Gleeble 

thermomechanical simulations were made with a peak temperature of 1350 °C by 

using three different heat input scenarios: low (0.3 kJ/mm), medium (0.5 kJ/mm) 

and high heat input (0.9 kJ/mm). The microstructures were evaluated via 

LOM/LCF, SEM-EDS and STEM. A feature detection routine was utilized in 

precipitate and inclusion particle analysis. The results were normalized by 

assuming that any Fe signal originated entirely from the steel matrix. The upper 

limit for the matrix contribution was set to 70%, and the minimum particle size was 

set to Ø 1 µm equivalent circle diameter (ECD). The analysed particles were 

grouped into various compound systems (Al2O3, TiO2, TiN, NbN, TiC, NbC and 

Cr23C6), based on their dominant elements. For steel C, electrolytic extraction 

combined with SEM-EDS and STEM was used to analyse particles with Ø < 1 µm. 

In Fig. 16, it is shown that although the initial microstructures varied between 

the steels, after the HAZ simulations, the microstructures became very similar, 

especially in higher heat input scenarios. The majority of large particle clusters 

originating from the processing vanished and were replaced with fine intragranular 

dispersion clouds of precipitates and intergranular grain boundary precipitates. The 

only clear difference was the absence of cuboidal Ti nitrides in Nb-stabilized steel 

A. The Ti nitrides were generally unaffected by the heat input and precipitates 

surrounding the nitride (presumably carbides) were dispersed into the vicinity. 
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Fig. 16. Microstructures before and after thermal simulations in steels A–D; base metal 

(a), low heat input (b), medium heat input (c), high heat input (d). Steel A is Nb-stabilized, 

steels B and C are dual-stabilized, and steel D is Ti-stabilized. [Paper V, modified and 

reprinted by permission of Springer] 

In the highest heat input scenario, the mean grain size increased to 6–10 times that 

of the base metal, i.e., from 19–31 µm to 180–210 µm, seen in Table 9. Hardness 

values were rather monotonous; the base metals had the lowest hardness. However, 

Nb-stabilized steel A showed a considerable increase in hardness with low heat 

input and a decline in hardness, as the cooling rate decreased with medium and high 

heat inputs. All in all, the DBTT range was 87 degrees, including the base metals 

and simulated HAZs. In the base metals, Nb-stabilized steel A showed the lowest 

and Ti-stabilized steel D the highest DBTT. An increase in the heat input generally 

increased the DBTT. Nb-stabilized steel A had the finest mean particle size, Ø 1.3–

1.4 µm, whereas the other steels had similar mean particle sizes in the range Ø 1.9–

2.2 µm. 
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Table 9. Basic characterization data for the examined steels. [Paper V, modified and 

reprinted by permission of Springer] 

Steel Heat input, 

kJ/mm 

Grain size, 

µm 

Hardness, 

HV1 

DBTT1, 

°C 

USE2, 

J/cm2 

Mean particle size, 

µm 

A Base 19   ±   3 154 ± 3 -35 155 1.3 ± 0.3 

 0.30 74   ± 11 168 ± 3 4 150 1.3 ± 0.2 

 0.50 106 ± 28 164 ± 2 -2 154 1.4 ± 0.3 

 0.90 185 ± 21 159 ± 5 4 149 1.4 ± 0.4 

B Base 30   ±   7 152 ± 2 -17 177 2.1 ± 0.9 

 0.30 94   ± 14 161 ± 3 -8 160 2.2 ± 1.0 

 0.50 119 ± 28 155 ± 2 18 172 2.2 ± 0.9 

 0.90 210 ± 39 155 ± 3 37 185 2.2 ± 0.9 

C Base 28   ±   4 153 ± 3 -5 167 1.9 ± 0.7 

 0.30 95   ± 13 157 ± 5 14 157 2.0 ± 0.7 

 0.50 124 ± 19 160 ± 3 28 166 2.0 ± 0.7 

 0.90 180 ± 20 155 ± 5 52 171 2.2 ± 0.8 

D Base 31   ±   7 158 ± 4 12 147 2.1 ± 0.8 

 0.30 96   ± 12 159 ± 3 22 145 2.0 ± 0.7 

 0.50 127 ± 21 162 ± 3 11 151 2.0 ± 0.8 

 0.90 182 ± 12 158 ± 4 45 154 2.2 ± 0.8 

1 ductile-brittle transition temperature, 2 upper shelf energy 

Size distributions for the various particle types grouped according to the dominant 

compound in the particle are shown in Table 10. It must be emphasized that the 

groups are merely estimates concerning the dominant compound in the particles. 

Nevertheless, as observed in the micrographs, the absence of TiN-rich particles is 

apparent in steel A. Among noticeable differences between the materials were also 

the presence of TiC-rich particles in steel D and NbC-rich particles in steel A. 

Although all steels were deoxidized with Al, the EDS spectrum from the nitrides 

probably obscured the spectrum from an oxide core in steels B–D, unlike in steel 

A, where small Al2O3 particles were evident. 
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Table 10. Size distributions for the various particle types grouped according to the 

dominant compound in the particle. Number of particles per frame divided into size 

classes 1–1.9 µm / 2–2.9 µm / ≥ 3 µm. [Paper V, modified and reprinted by permission of 

Springer] 

Steel Heat input, 

kJ/mm 

Al2O3 TiO2 TiN NbN TiC NbC Cr23C6 Multiple 

A Base 5.1/0.2/- 4.2/0.1/- -/-/- 0.8/-/- -/-/- 41.7/2/0.2 0.9/0.1/- 2.5/0.1/- 

 0.30 1.8/0.1/- 0.5/-/- -/-/- -/-/- -/-/- 5.8/0.1/- -/-/- 0.1/-/- 

 0.50 2/0.1/- 0.2/-/- -/-/- 0.1/-/- -/-/- 5.2/0.3/- -/-/- 0.3/-/- 

 0.90 3.1/0.2/0.1 1.4/-/- -/-/- 0.4/-/- -/-/- 28.6/2/0.4 0.1/-/- 0.6/0.1/- 

B Base 0.1/0.1/- 0.1/0.1/- 3.6/1.5/1.2 -/-/- -/-/- -/-/- -/-/- 0.3/0.1/- 

 0.30 0.1/0.1/- 1.1/0.3/0.2 4.5/2.4/1.8 -/-/- 0.1/-/- 0.4/-/- -/-/- 0.7/0.7/0.2 

 0.50 -/0.1/0.2 0.6/0.2/0.1 3.8/2.5/1.8 -/-/- -/-/- -/-/- -/-/- 1/0.7/0.2 

 0.90 -/0.1/- 0.2/0.2/0.1 4.2/2.7/1.9 -/-/- 0.1/-/- 0.3/-/- -/-/- 0.2/0.3/0.1 

C Base 0.1/0.1/- -/0.1/- 6/3.1/0.7 -/-/- -/-/- -/-/- -/-/- 0.1/0.1/0.1 

 0.30 0.2/0.2/0.1 0.5/0.1/0.2 7.4/4.8/1.2 -/-/- -/-/- -/-/- -/-/- 0.2/0.1/0.1 

 0.50 1/0.6/0.2 0.8/0.4/0.1 7.8/4.2/1.1 -/-/- 0.1/-/- -/-/- -/-/- 0.9/0.4/- 

 0.90 -/-/0.1 0.5/0.1/- 4.9/4.6/1.9 -/-/- -/-/- -/-/- -/-/- 0.4/0.2/0.1 

D Base -/-/- 0.1/-/- 0.2/1.4/0.9 -/-/- 8.8/5.2/0.7 -/-/- -/-/- 0.2/0.5/0.6 

 0.30 -/-/- 0.3/-/- 1.5/3.2/0.8 -/-/- 5.2/0.8/- -/-/- -/-/- 0.8/1.3/0.2 

 0.50 0.5/0.6/0.1 0.2/0.1/- 2.5/3.3/1.3 -/-/- 5.2/1.7/0.1 -/-/- -/-/- 0.8/0.9/0.5 

 0.90 -/-/- 0.1/0.1/- 0.2/2.2/1.7 -/-/- 6.3/2.3/0.2 -/-/- -/-/- 0.3/1.1/0.4 

The analysis of the particles Ø < 1 µm in steel C showed that the majority of fine 

particles were still Ti- and Nb-based: the frequency of these elements was 92–95%, 

and the mean chemical composition 40–43%. Examples are shown in Fig. 17. 

 

Fig. 17. STEM-EDS analyses of extracted particles in the low, 0.3 kJ/mm, heat input 

scenario of steel C: 54%Nb, 29%Ti, 11%Cu, others (Cr, Fe) <5% (a) and 52%Nb, 20%Cr, 

17%Ti, others (Cu, Fe) <5% (b). [Paper V, reprinted by permission of Springer] 
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Based on statistical analyses, the best correlation between the DBTT and the 

measured parameters was seen with the grain size and the total number density of 

large TiN-rich and TiC-rich particles with ECD ≥ 2 µm. The regression model 

shown in Fig. 18 was compiled to describe the factors influencing DBTT. The 

model had R2(adj.) = 0.80 and SE = 10 °C. The contribution of grain size to the 

variance was 58% and that of TiN and TiC-rich particles was 25%. 

 

Fig. 18. Predicted vs. measured DBTT. In the regression model shown, GS denotes grain 

size in microns and (TiN+TiC, Ø ≥ 2 µm) the total number of TiN and TiC particles with 

ECD ≥ 2 µm per frame (frame size 27600 µm2). [Paper V, modified and reprinted by 

permission of Springer] 

4.4.4 Fracture appearance vs. impact toughness 

The fracture surfaces were examined in Papers III–VI after impact toughness 

testing. Generally, ductile parts failed by microvoid coalescence and brittle parts 

by multifaceted transgranular cleavage. Microvoids frequently contained 

inclusions and precipitates, and large nitrides were easily distinguishable on the 

cleavage planes, as seen in Fig. 19. Despite extensive searching for cleavage crack 

nucleation sites near the notches of broken Charpy-V samples, only in a few cases 

could particles be identified as potential cleavage crack nuclei, seen in Fig. 20. 
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Fig. 19. Example of fracture surface: ductile fracture (top) and brittle fracture (bottom). 

The specimen had impact energy of 127 J/cm2 and 30% of ductile fracture. [Paper IV, 

reprinted by permission of ASMET] 

 

Fig. 20. Potential cleavage fracture initiation sites: grain boundary TiN (a), intragranular 

TiN (b), intragranular Ti-rich particle (c). [Paper V, modified and reprinted by permission 

of Springer] 

Paper IV further correlated the measured impact energy to the amount of ductile 

fracture seen at the surface of broken Charpy-V specimens. Interestingly, in many 
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instances, the 35 J/cm2 transition temperature criterion was reached even with 

essentially brittle specimens with ductile fracture ≤ 10% on the whole fractured 

surface. A good fit was seen between the fracture appearance and absorbed impact 

energy normalized to the upper shelf energy, seen in Fig. 21a. Even stronger 

correlation was obtained when the essentially martensitic HAZ and weld metals of 

grade 1.4003 were excluded from the data, seen in Fig. 21b. 

 

Fig. 21. The relationship between normalized impact energy (Cv/Cv-us) and fracture 

appearance (%SA) in 1.5–6 mm ferritic stainless steels. All specimens (a), excluding the 

martensitic specimens of grade 1.4003 (b). [Paper IV, modified and reprinted by 

permission of ASMET] 
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5 Discussion 

In medium- and high-Cr ferritic stainless steels, the stabilized grades generally 

offer improved mechanical and corrosion properties over those of the unstabilized 

grades. Superior properties are achieved with steels having very low interstitial 

contents of 100 mass ppm and below. The more commercially viable intermediate 

interstitial contents of 200–500 mass ppm offer limited improvements. Moreover, 

the alloying requirements to stabilize intermediate purity steels can cause issues in 

the production, e.g. nozzle clogging and surface inclusion issues. 

5.1 Influence of minor elements on the weldability issues of 

stabilized ferritic stainless steels 

In this study, the use of various steelmaking and stabilization practices was shown 

to influence the weldability of intermediate purity stabilized ferritic stainless steels. 

The main contributing elements that were found to have an effect were Al, Ca, Si, 

Ti and Nb. 

5.1.1 Aluminium 

The Al used in deoxidation, in combination with Ti originating from the 

stabilization, was shown to promote glassy slag island films that could cover the 

entire front part of the weld pool. These slags could maintain their stability and 

occasionally travel on top of the weld pool through the weld cycle. Slag lumps and 

films have been observed and examined in various steels, often as a secondary topic 

in weld penetration and arc interaction studies. Fifty years ago, Linnert [110] noted 

that, in addition to globular slag islands, very light unidentified oxide films can 

appear and cover GTA weld pools. Chase and Savage [132] used high-purity Ni 

alloy with various chemical additives in stationary GTA welds and hypothesized 

that certain additions, such as Al and Ti, could alter the weld pool characteristics 

by forming solids floating on the surface of the weld pool. Metcalfe and Quigley 

[133] described that Al, V, Mo and Ti were seen in stainless steel welding slags in 

much higher concentrations than in the bulk. The authors infrequently saw slag 

islands floating around the weld pool but also a thinner scum that was easily moved 

by the surface currents on the weld pool. However, a detailed characterization of 

these surface contaminants was not completed, but they were shown to contain 

higher levels of Al and Ti than the bulk. Espinosa [134] observed Al particles and 
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film at the outer regions of the HY-80 steel GTA weld pool. Lambert [135] 

described two types of slag in Alloy 800 after welding; a film that covered almost 

the entire weld pool and other slag spots that were at the edges of the pool. Mills et 

al. [136] described continuous films rich in Ca (80%) in stainless steel welds with 

only smaller amounts of Al, Cr and Fe oxides (< 20%). 

It is postulated that various terms in the literature used to describe slag islands 

(slag spots, white spots, black spots, silicate islands, scum, rafts, films, patches, 

refractory oxides) make it difficult to separate slag types from each other. The 

literature generally supports the existence of films, but the term ‘film’ is used 

inconsistently. As was evidenced in video imaging, the thin film could travel with 

the weld pool throughout the welding and could easily be unnoticed if slagging was 

judged only by the naked eye after welding. Nevertheless, the Al-bearing Ti-

containing films of this study most accurately resemble pure alumina patch-type 

slags that Pollard [106] identified after welding in austenitic stainless steels. The 

author suggests that these slags are solid in the outer parts and liquid in the inner 

parts of the weld pool. 

The temperature in the GTA weld pool surface is typically in the range of 1600–

2100 °C, depending on the welding parameters used [104, 106, 108, 109, 136]. The 

stability of the film in this study was found to be related to the concentration of Al 

but also to the arc current, i.e., in Paper I, the tendency to form ignition slags seen 

after welding diminished as the current increased from 75 A to 125 A. Even though 

the chemistry of the film would be expected to change with the Al/Ti ratio in the 

bulk, the mean composition of the film was measured to be 42 wt.% Al – 15 wt.% 

Ti, the remainder being oxygen. These findings could be explained with reasonable 

accuracy with the aid of equilibrium thermodynamic calculations, the results of 

which are shown in Fig. 22. The figure shows that the solubility of the oxides in 

the molten steel increases as the temperature increases and the amount of the Al-

bearing corundum phase in the system decreases. The figure also shows that as the 

Al content in the system decreases, the temperature range where the corundum 

phase is stable becomes smaller. Naturally, these considerations neglect the 

turbulence and steep temperature gradients in the weld pool that may cause 

additional interactions. 
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Fig. 22.  Al- and Ti-bearing oxide phases at equilibrium in liquid Fe in the system Fe-

0.13Ti-0.0040O and varying Al concentrations in the range of 0.02–0.06 wt.%. (Liquid 

slag: 48–84% TiO2 and/or Ti2O3, 15–51% Al2O3; Corundum: 97–98% Al2O3). Calculated 

using Fact-Sage 7.1 thermodynamic equilibrium database. 

Pollard [106] found that Al-rich slag patches caused an irregular weld penetration 

profile. Mills et al. [136] and Mills and Keene [137] summarized that any films that 

may exist in the weld pool reduce the velocity of thermocapillary-driven fluid flow 

and may lead to stagnant zones in the weld pool. Consequently, differences between 
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inward and outward fluid flow would diminish. Also, they hypothesized that slag 

at the rear of the weld pool would, eventually, as it grows, attract the arc and cause 

irregularities in the fluid flow. In this study, a changing penetration profile was seen 

in some of the welds in Paper I, but no simple correlation was found between 

slagging and weld penetration. Based on the findings of Paper II, the subtle and 

changing nature of the glassy Al-Ti films may lead to an irregular penetration 

profile. 

5.1.2 Calcium 

Ca used in inclusion shape control and calcium treatment used in steelmaking was 

statistically shown to affect both slagging intensity and weld penetration in Papers 

I and II. After oxygen, Ca was the most frequent element in slag islands and 

influenced two different slagging mechanisms. In combination with Al and Ti, it 

was shown to promote the formation of black slag island spots that were not 

responsible for the majority of the slag islands present after welding but did cause 

smaller local weld discontinuities. Also, in combination with Ti, it was the main 

contributor in the formation of the large slag spots seen at the rear of the weld pool. 

Owing to its high reactivity, Ca has been found frequently on slag islands [106, 111, 

113, 136]. 

Due to their complexity, the Ca-bearing slag islands of this study are best 

understood with the aid of the equilibrium thermodynamic calculations presented 

in Fig. 23. When the data from visual slagging intensity (presented earlier in Table 

6) is compared with the calculated amount of slag at equilibrium in liquid Fe, it is 

seen that an increase in Ca concentration increases the stability and amount of slags. 

In practice, the calculations propose that in high-Ca steels, there is a wider 

temperature range for slags to form, and this is seen as an increase in the slagging 

intensity. The details of the situation in an actual weld pool will no doubt differ 

from the equilibrium states shown in the figure, but the trends with respect to 

temperature and Ca concentration can at least be expected to be valid. 
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Fig. 23. Total amount of solid and liquid slags at equilibrium in liquid Fe in the system 

Fe-0.13Ti-0.02Al-0.0040O with varying Ca concentrations in the range of 0–27 mass ppm. 

Calculated using Fact-Sage 7.1 thermodynamic equilibrium database. 

On a weight-% basis, Ca was also seen to have the largest negative effect on weld 

penetration. The harmful effect of Ca on weld penetration has been reported by 

various researchers. They attribute this either to the formation of CaS and CaO, 

which reduces the free S and O that should promote inward fluid flow, or to the 

formation of slag islands that disturb the fluid flow [136, 138, 139]. In this study, 

the likely effect of Ca was the entrapment of S and O as the Ca-rich slag islands 

had little effect on the weld penetration level. These observations are analogous to 

Pollard [106] who found that globular slag spots had little effect on weld 

penetration. 

5.1.3 Silicon 

Surprisingly, Si was not found to be a major element in slag islands, as none of the 

analysed slag islands contained Si above the 5 wt.% threshold limit. Pollard [106] 

emphasized that Si/Al ratio in the bulk would explain the slag island type, i.e., 

patch-type slags would form when this ratio was below 50, and globular-type slags 

would form above. In this study, there was no evidence to support this conclusion, 

probably due to the presence of the other more stable oxide formers Ca and Ti. 

However, in the present study, Si was shown to deteriorate weld penetration to a 

similar magnitude as Ca, when the minimum–maximum ranges of the elements are 

considered. This effect can be explained in two ways: Si can reduce the available 

O by forming relatively unstable oxides (compared to those of Al, Ca and Ti), but 

perhaps more importantly, Si is known to decrease the viscosity (increase the 
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fluidity) of the melt. Therefore, the outward fluid flow characteristic of low S steels 

could be more pronounced with high Si content, analogous to the early findings of 

Oyler et al. [140]. 

5.1.4 Titanium 

Based on the research in this work, the effects of Ti are all-encompassing in 

stabilized ferritic stainless steel welds. Titanium is present in all slag island 

mechanisms that were described in detail previously. Most notably, in low-Al, Ca-

containing steels, the predominant slag islands will be Ca- and Ti-based and seen 

at the rear of the weld pool. When Ti is used for stabilization, its concentration is 

typically much higher compared with Al and Ca. Therefore, Ti readily reacts with 

oxygen, if given the opportunity. The presence of Ti in slag islands has been 

demonstrated by various authors [112, 113, 133]. 

In addition to slag islands, Ti was also shown to have a negative effect on weld 

penetration. The literature dealing with the effect of Ti on weld penetration is 

inconsistent [108]. However, in this study, the effects are best explained with the 

entrapment of O. 

Furthermore, Ti was found to be beneficial in promoting grain refinement in 

the GMA welds of Paper III. The effect was expected based on the literature, as Ti 

nitrides and oxides can nucleate ferrite grains, given that those form at the molten 

weld pool ahead of the solidifying front [118, 141–143]. Conversely, it was also 

seen in Paper VI that relatively small amounts of Ti (700–800 mass ppm) in 

intermediate purity (170–210 mass ppm N) steels were insufficient to refine the 

grain structure in autogenous GTA welds. When the welds were doped with O and 

N via the shielding gas, grain refinement was probably achieved due to the 

enhanced stability of Al and Ti oxides and Ti nitrides, provided that N desorption 

was prevented. These findings conform by and large to the studies by Inui et al. 

[144, 145], who developed custom GMA welding wires to promote grain 

refinement. The authors propose a composition of 0.08 wt.% Ti, 0.04 wt.% Al and 

0.1 wt.% N for optimal grain refinement and that the O content be about 300 ppm. 

Both proposals were achieved in this work with a shielding gas mixture that 

contained 1 vol.% O2 and > 2 vol.% N2, and significant grain refinement was 

achieved. 

The influence of grain refinement on the toughness of the weld metal was 

complex. In Paper III, welds fabricated with the 430Ti filler wire generally showed 

improved toughness over coarse columnar-grained welds fabricated using 430LNb, 
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despite having a higher total interstitial content. The C content in the 430Ti filler 

wire was 700 mass ppm higher than in 430LNb, whereas there was only 90 mass 

ppm difference in N. However, the O and N doped fine-grained autogenous welds 

in Paper VI were more brittle than coarse-columnar grained welds. These 

discrepancies can be explained at least partly with the results of Paper V that dealt 

with the toughness of the HAZ: the results from those experiments showed that in 

addition to grain size, large Ti-carbonitride particles (Ø ≥ 2 µm) in high total 

number density had a detrimental influence on impact toughness DBTT. The 

deteriorating effects of TiN-rich particles on toughness are expected. In ferritic 

stainless steels, large TiN particles have been shown to initiate cleavage cracks and 

promote microcracking in 18Cr-2Mo steel [87, 146]. Ghosh et al. [147] described 

how even relatively small Ø > 0.5 µm TiN could initiate cleavage cracks in high-

strength low-alloy (HSLA) steels. However, Du et al. [148] could not find any 

statistically significant correlation between DBTT and TiN particles in such steels.  

It is assumed that the deteriorating effects of TiN-rich particles in the weld 

metals are analogous to the HAZ. Even though the work reported here provides no 

quantitative data in support of the idea, it seems that the main difference between 

weld metals and HAZs is that the large nitrides originating from the base plate 

dissolve in welding and thereby reduce the average particle size, i.e., lower the 

probability of initiating microcracks. Then, when the formation of Ti-nitrides is 

promoted via N brought by the shielding gas, the average particle size is probably 

increased. Therefore, the benefits of grain refinement could be lost with increase in 

the particle size.  

5.1.5 Niobium 

Although the examined steels frequently contained Nb in ample amounts due to the 

stabilization requirements, the effects of Nb on the main topics of this thesis were 

small. Nb did not play any role in the slag island developments, which is not a 

surprise owing to its low tendency to form oxides. However, in the weld metals the 

most striking feature of the solely Nb-stabilized welds was their tendency to form 

coarse-columnar grained welds, i.e., their inability to refine the grain structure to 

any degree. The poor toughness properties obtained with Nb-stabilized filler metals 

can be related to the large grain size that has poor ability to arrest propagating 

cleavage cracks.  

However, the benefits of Nb became most apparent with the HAZ toughness. 

The use of Nb stabilization instead of Ti has been shown to improve impact 
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toughness in base metals [50, 146]. In this study, the absence of large particle 

clusters and the more effective grain boundary pinning likely provided by Nb-rich 

precipitates led to the lowest DBTT in the HAZ of the solely Nb-stabilized steels. 

Apparently, the absence of large particles made the crack initiation more difficult. 

Furthermore, this allowed better tolerance against variance in the heat input. 

5.2 Other aspects 

In addition to the main contributing elements presented above, the results pointed 

out several other notable aspects.  

In Paper I, it is shown that, despite being the main surface-active elements in 

steels, S and O contents showed no statistically significant effect on weld 

penetration for the ranges studied. In particular, the S content of all heats was very 

low, the mean value being only 4 ppm. These low values were clearly insufficient 

to promote inward fluid flow in weld pools. The estimated mean soluble S was even 

lower, 2 ppm, due to the presence of Ca that readily forms very stable CaS. 

Heat input had a positive effect on penetration in partial penetration and full 

penetration welds. It is known that changes in the welding parameters may increase 

the magnitude of the difference in penetration level between heats, as the higher 

power density will enlarge the temperature gradient [109]. This might be the reason 

why low-heat input welds (e.g. D125 scenario) showed no significant difference, 

while higher heat input welds (D75) showed a stronger difference in the level of 

penetration. Higher currents may also induce electromagnetic forces, but those are 

generally only relevant above about 250 A [109]. Lambert [135] found that low 

current, low welding speed conditions minimize cast-to-cast variations in butt 

welds. However, in the present study, the high current and high welding speed 

minimized the differences, but heat input per unit length was the lowest compared 

to other scenarios. 

Small differences in the steel inclusion structures prior to welding did not 

influence slagging behaviour. The composition of slag islands correlated best with 

the bulk composition of the steel rather than its inclusion structure. This is 

analogous to Pollard [106], who considered that slag islands would not reflect the 

original inclusion structure but more or less the equilibrium corresponding to 

temperatures near the surface of the weld pool. 

The detrimental influence of grain size on toughness was clearly demonstrated 

in Paper V, where the grain size contributed 58% to the variance of DBTT. Typically, 

in ferritic stainless steels, an increase of 1 ASTM number over the range from 0 to 
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6.5 (decrease in grain size from 360 to 38 µm) lowers the DBTT by 6–26 degrees 

[13, 44, 149]. However, if this is achieved through a higher interstitial content, the 

beneficial effect is reduced due to precipitation [13, 16, 51, 149]. In this study, an 

increase of 1 ASTM number reduced the DBTT by 7–8 degrees over the range of 

1.5 to 8.5 (210 to 19 µm), which is in line with these general observations.  

Grain boundary precipitates promoted by slow cooling are also considered 

detrimental to the toughness of ultra-pure and intermediate purity ferritic stainless 

steels [13, 51]. However, in this study, the effect was either small or masked by 

stabilization. As an example, steel D in Table 9 did not show a significant increase 

in DBTT with low and medium heat inputs compared with unaffected base metal, 

despite the increase in grain size and grain boundary precipitation that surrounded 

basically every grain. 

5.3 Practical implications 

The research results of this study provide and verify several practical implications 

in the welding of intermediate purity stabilized ferritic stainless steels.  

In alloy design, to minimize slagging tendency, maximize weld penetration and 

prevent other potential irregularities from occurring during welding, excessive Al 

deoxidation and Ca treatment should be avoided. This will prevent the 

accumulation of slag islands and potential problems associated with the formation 

of films. Simultaneously, if Si and Ti are kept at a low level, the weld penetration 

should improve. To minimize the grain growth and maximize the toughness in the 

HAZ, the stabilization should be entirely carried out by using Nb instead of Ti or 

mixed Ti+Nb stabilization. On the other hand, when the amount of Ti is low, the 

weld metal microstructure is prone to the formation of coarse columnar grains 

originating from the partially melted HAZ grains. Coarse-grained welds are more 

susceptible to brittle cleavage crack propagation. Also, grain impingement at the 

centreline of the weld may reduce the cracking resistance due to low melting point 

segregates. So, the best practice would be to stabilize steels predominantly with Nb 

and moderate the Ti and N contents to reduce the size of particles forming from the 

interdendritic liquid. 

Regarding the selection of ferritic filler metals, the limited availability of 

ferritic filler metals may lead to instances when the recommended PWHT, for 

example to heal the potential sensitization, may reduce the toughness due to 

secondary phase embrittlement seen as Laves phases in Paper III. Also, the PWHTs 

that were carried out in this study appeared to shift the rupture in cross-weld tensile 



68 

tests to the weld metal, which is generally not favoured or not permitted in material 

specifications. 

Benchmarking of the examined stabilized ferritic stainless steels position these 

materials in between the utility ferritic steel 1.4003 and traditional 1.4016 after 

welding. Generally, when the sheet thickness is above 3 mm, the impact toughness 

DBTTs in the weldments are at room temperature. It should also be kept in mind 

that the 35 J/cm2 DBTT criterion does not mean that specimens having higher value 

than this would be fully ductile, quite the contrary. Moreover, if a more 

conservative approach would be used, e.g. a 50% ductile fracture transition 

criterion, the transition temperatures would frequently be above room temperature. 

5.4 Reliability and limitations 

In Paper I, the slagging intensity was judged visually, therefore, it is subjective, 

despite the criteria that were set. However, the elements that emerged from the 

regression analyses were analogous to the main elements found with EDS, i.e., Ca, 

Ti and Al. Therefore, it can be postulated that the visual observations were accurate. 

Similarly, in Papers IV and V, the fractions of ductile fracture in broken Charpy-V 

specimens were determined visually. The operator error in Paper IV was estimated 

by conducting a separate viewing session with another author. Specimens selected 

at random yielded a mean standard deviation of 5% between the authors in the 

transition range (specimens with 10–90% ductility), so the results can be 

considered relatively trustworthy. 

Regression models that were presented regarding slagging (Papers I and II) and 

DBTT (Paper V) were assumed to be linear. The use of more complex models with 

interaction terms or nonlinearities could describe the phenomena with better 

accuracy. In Paper V, the standard error of the DBTT regression was 10 °C, which 

meets the recommendation of Wallin [150], that under no circumstances the scatter 

of the Charpy data should be estimated to be less than 10 °C. 

When studying the characteristics of slag islands, inclusions and precipitates 

in EDS, it was necessary to remove the matrix contribution from the spectra. The 

normalized EDS analyses in Papers I, II and V assumed that Fe always originated 

from the matrix. Therefore, any Fe-rich precipitates would not be analysed properly. 

The presence of large (Ø ≥ 1 µm) Fe-rich precipitates or inclusions in stabilized 

ferritic stainless steels is unlikely due to other more readily forming compounds 

such as those of Al, Ca, Cr, Mg, Nb, Si and Ti. 
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In order to simulate HAZ microstructures, a Gleeble thermomechanical 

simulator was utilized. The microstructures obtained from the simulations may not 

entirely represent the situation in practical welds with analogous heat inputs. 

Mainly, the effects of temperature gradients (thermal pinning) are larger in practical 

welds [151]. To minimize the discrepancy that might exist with different 

temperature gradients, a constant free span distance (20 mm) was used with all 

specimens during thermal simulations. 

In Paper V, a limited number of compound groups and criteria were used. It is 

supposed that the majority of oxide, nitride and carbide particles were included 

(Al2O3, TiO2, TiN, NbN, TiC, NbC and Cr23C6), however, the effects of sulphides 

were not considered. Also, it was assumed that the volumetrically largest 

compounds in a particle would dominate cleavage nucleation, and particle 

morphologies were not taken into account. STEM analyses were limited to one 

steel in Paper V. This also meant that particles Ø < 1 µm were not included in the 

regression analyses due to a lack of quantitative data. 

Video imaging equipment used to observe slag islands in situ was limited to 

about 20 frames per second and a resolution of 992 × 1040 pixels. Therefore, any 

finer details were unperceivable. 

When estimating the weld metal microstructures in Paper III, any pick-up 

reactions or element loss during welding was not considered. 

5.5 Future work 

The current study indicates that the topics listed below would require further 

investigations.  

Due to low sheet thickness, the current range in the welding experiments of 

Papers I and II were limited to 60–140A, that may not present the situation in high 

current scenarios. Also, the slagging tendency was evaluated after single-pass 

welding scenarios. It would be wise to examine the slagging tendency in multi-pass 

welding; possibly with slags removed from the first-pass using pickling or grinding 

procedures. 

The materials used in Papers I and II had very low S contents. Slagging 

mechanisms and characteristics taking place in high S, i.e., inward fluid flow, steels 

might be different to those seen in this study. Also, slagging studies were carried 

out only with dual-stabilized steel 1.4509, i.e., the investigated steels always 

contained an abundance of Ti. Further examinations should also consider ferritic 

stainless steels with other stabilizing elements. 
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The lengths of the practical welds were approximately 200 mm in Papers I and 

II. Therefore, any slagging characteristics that may change in longer welding runs 

were not revealed. For industrial purposes, especially relating to steels having low 

slagging tendency, it would be viable to carry out much longer welding tests, e.g. 

tens of meters, where the slag accumulation and interaction with the weld pool 

could be seen better corresponding to automatic welding lines. 

Changes in the welding arc properties other than spectroscopic studies were 

outside the scope of this work. Slag islands have been reported to attract the 

welding arc, especially in low-S steels, where the outward fluid flow can propel the 

slags to the sides of the weld pool and cause irregularities in the welds. Visual and 

video imaging in this study did not reveal any clear arc wandering. However, 

further investigations to clarify the interplay of slag islands and welding arc should 

be carried out. 

Only one reducing shielding gas variant (Ar+3%H2) was used in the 

investigations regarding the avoidance of slagging in Paper II. Therefore, it would 

be necessary to carry out a more comprehensive study about the influence of 

reducing shielding gas on slagging intensity. Also, the use of H in shielding gas can 

run the risk of hydrogen embrittlement in ferritic stainless steel welds. Therefore, 

the study should also examine the mechanical properties, especially ductility and 

formability, of the welded joints. 

In Paper II, the slagging imaging was carried out with a CCD camera and 20 fps 

acquisition rate. A high-speed, high-resolution camera would be the next step to 

investigating and verifying in situ slagging mechanisms. 

The spectroscopy set-up used in Paper II acquired the spectra from the whole 

plasma that hindered the observation of the vaporization of elements near the 

surface of the weld pool. A device resembling that of Mills [152] that could separate 

the plasma regions would be necessary to investigate slagging interactions with the 

welding arc. Also, the slagging chemical analyses were limited to weld deposits.  

Analysis of welding electrode deposits similar to Lambert [135] may bring 

additional information about the vaporization of elements. 

In Paper III, the low-Cr-stabilized steel 1.4512 was only welded using the 

comparable 409LNb filler metal. It would be reasonable to assess the feasibility of 

430Ti and 430LNb filler metals with this steel grade as well, as the typical approach 

would be to use potentially more expensive or metallurgically dissimilar austenitic 

filler metals. 

To continue the research presented in Paper V, more compound groups should 

be introduced so that the effect of sulphides, for example, could be taken into 
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account. Also, it would be important to include different particle morphologies that 

may have influence on microcracking and cleavage nucleation. 

All toughness testing in this thesis was carried out using conventional Charpy-

V impact testing. Instrumented impact toughness testing would bring quantitative 

information about the nature of the fracture during loading. More importantly, 

correlation of impact toughness to fracture toughness in differently stabilized 

ferritic stainless steel base metals and HAZs should be investigated. 

Due to tarnishing of the GTA welding electrode, the grain refinement 

examinations that were carried out in Paper VI should be continued using other 

autogenous welding techniques such as double-shielded GTA, CO2 or YAG laser 

welding. 
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6 Summary and conclusions 

The influence of minor elements, especially Al, Ca, Si, Ti, Nb, N and O, on 

weldability were investigated in various intermediate purity stabilized ferritic 

stainless steels. The investigations focused on the influence of minor elements on 

the fluid flow of the weld pool, slag island developments, weld penetration, weld 

metal, HAZ microstructures and properties in a variety of welding processes and 

welding scenarios. Practical welding tests were complemented with Gleeble HAZ 

simulations. The aim of the study was to provide an up-to-date understanding 

regarding some of the issues in the weldability of modern stabilized ferritic 

stainless steels. The study also benchmarked the performance of commercial 

ferritic stainless steels and filler metals. A wide variety of techniques were utilized 

to characterize the materials: LOM, LCF, SEM, STEM, video imaging, welding 

parameter monitoring, in situ optical emission spectroscopy. Mechanical properties 

were evaluated using hardness, tensile, impact toughness, cracking resistance and 

formability tests. Some corrosion properties were evaluated with intergranular and 

oxidation tests. The main results and conclusions can be summarized as follows: 

– Slag islands of two characteristics can be distinguished after welding: globular 

slag spots and slag patches associated with arc ignition. However, there can be 

at least three different slagging mechanisms that can take place in the weld pool 

simultaneously during welding: black spot developments, accumulation of slag 

at the rear of the weld pool and surface films. Slagging can be estimated from 

the bulk steel composition rather than the inclusion structure. The abundancy 

of Al used in deoxidation and extent of Ca treatment have the largest influence, 

but welding parameters also have some influence. 

– Although Ca was the most predominant in controlling the weld penetration, 

given the ranges of Ti and Si seen in different 1.4509 heats, they are as 

important in controlling the weld penetration in low-S stabilized ferritic 

stainless steels. No statistical significance was seen with the surface-active 

elements S or O. 

– No simple correlation existed between slag islands and weld penetration. 

However, Ca and Ti were found to be important in both. Also, inconsistencies 

in the behaviour of Al lead to the conclusion that the changing weld penetration 

might be linked to surface films that momentarily influence the transient fluid 

flow of the weld pool. 
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– Coarse columnar grains normally dominate the microstructure in GTA, GMA 

and laser welds, if the stabilization is mostly Nb-based. Titanium in 

combination with Al is needed to refine the grain structure. Significant grain 

refinement can be obtained in autogenous welding when the concentrations of 

N and O in the molten weld pool are raised by adding 1–10 vol.% N2 and 0.5–

3 vol.% O2 via the shielding gas. These promote the stability of oxides and 

nitrides that eventually nucleate ferrite grains ahead of the solidification front 

extending from the partially melted HAZ grains. However, the effects can be 

unsuccessful, if the absorption of N2 is not achieved. 

– Coarse columnar-grained welds do not impair the tensile properties or ductility 

of the weldments. However, a reduction in impact toughness and cracking 

resistance was evident. Still, the refinement of the grain structure does not 

improve toughness, if it is accompanied with an increase in the interstitial 

content. 

– In the base metals and coarse-grained HAZs, the best toughness is obtained 

with steels that have low Ti content. The grain size and carbonitride particle 

clusters Ø ≥ 2 µm rich in Ti were statistically shown to govern the DBTT. 

Large TiN-rich particles are practically unaffected by the welding heat input in 

the HAZ and act as nuclei for cleavage cracks. Conversely, stabilization with 

Nb usually results in a finer grain size and prevents large particle clusters in 

the base metal and HAZ. Other particle clusters or grain boundary precipitates 

were relatively harmless. 

– Absorbed impact energy alone is uninformative to characterize the fracture 

micro mechanisms taking place. Specimens that meet the 35 J/cm2 criterion 

show no more than 10% of ductile fracture, which is a modest value. The 50% 

ductile fracture transition temperature is always more conservative. 

– Improper PWHTs, such as those carried out at 750 °C for steel 1.4509, may 

promote secondary Laves phase formation and a reduction in impact toughness. 
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7 Novel features 

To the best of the author’s knowledge, the following findings are original to this 

work: 

– Three slagging mechanisms can simultaneously exist in the weld pools of Ti-

bearing stabilized ferritic stainless steels. 

– Black spots developed from the elements Ca, Al and Ti in the steel being 

welded and caused weld discontinuities and disturbance to fluid flow. 

– Surface films developed from Al deoxidation and Ti originating from the 

stabilization. Ca did not influence this mechanism. The film can easily go 

unnoticed when welds are examined after the welding process, and it is more 

unstable with higher welding currents. Large films affected the transient fluid 

flow of the weld pool, potentially affecting the weld penetration profile. 

However, no simple correlation was seen with post-welding slag islands and 

weld penetration. 

– Slag accumulating at the rear of the weld pool was typical and most intense in 

steels with low Al, high Ca and Ti originating from the stabilization. A 

detachment of a large slag spot would often leave a residue that facilitated the 

development of large new spots instead of smaller spots. 

– In low-S steels, Ca is not solely responsible for poor weld penetration, Si and 

Ti also impair weld penetration in stabilized ferritic stainless steels. 

– Grain refinement is possible to achieve in autogenous welds that are prone to 

the formation of columnar grains, if the steel contains sufficient Ti and Al, and 

the weld pool is doped with N and O from the shielding gas. A wide slag is 

beneficial for the effect to take place, as it prevents N desorption. 

– The grain size and carbonitride particle clusters rich in Ti with an ECD 2 µm 

or more control the DBTT in 21 wt.% stabilized intermediate purity ferritic 

stainless steels. 
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